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Abstract 
Metallic glasses are amorphous alloys that do not possess long-range structural 
order in contrast to crystalline alloys. Ni-free Ti-based bulk metallic glasses (BMGs) 
have potential for biomedical applications due to their attractive properties such as high 
strength, good corrosion resistance and excellent micro-formability, which cannot be 
obtained for conventional crystalline alloys. In this PhD thesis, Ni-free Ti-based BMGs, 
i.e. Ti40Zr10Cu34Pd14Sn2 and Ti40Zr10Cu36-xPd14Inx (x = 0, 2, 4, 6, 8), were prepared in 
the shape of rods by suction casting. Both alloy classes were systematically 
characterized in terms of glass forming ability, thermal stability, phase formation and 
mechanical properties. The largest diameter obtained in the fully glassy state for 
Ti40Zr10Cu34Pd14Sn2 alloy is 3 mm and for Ti40Zr10Cu36-xPd14Inx (x = 2, 4, 6, 8) alloys is 
2 mm. Base alloy (Ti40Zr10Cu36Pd14) contains some crystalline phase(s) in the glassy 
matrix for a 2 mm diameter rod. 
The structural transformations of Ti40Zr10Cu34Pd14Sn2 BMG upon heating were 
thoroughly analyzed by utilizing different combination of methods. Firstly, we used 
differential scanning calorimetry (DSC), X-Ray diffraction (XRD) and transmission 
electron microscopy (TEM) to investigate the first crystallization event. The main 
products of the first crystallization are possibly α-(Ti, Zr) and Cu3Ti (orthorhombic) 
phases. Secondly, we employed in situ x-ray diffraction in transmission mode using 
synchrotron beam to deeply study the thermally-induced structural changes like 
relaxation, glass transition and crystallization. Since the first peak in the diffraction 
patterns reflects the structure of the glassy phase on the medium-range scale, the 
position, width and intensity of this peak in diffraction patterns are fitted through Voigt 
function below 800 K. All the peak position, width and intensity values show a nearly 
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linear increase with increasing temperature to the onset temperature of structural 
relaxation, Tr = 510 K. However, these values start to deviate from the linear behavior 
between Tr and glass transition temperature Tg. The changes in the free volume, which 
was arrested during rapid quenching of the BMG, and the coefficient of volumetric 
thermal expansion prove that the aforementioned phenomenon is closely related to the 
structural relaxation. Above 800 K, three crystallization events are detected and the first 
exothermic event is due to the formation of metastable nanocrystals.  
For the Ti40Zr10Cu34Pd14Sn2 alloy, 2 mm diameter rods exhibit the best 
combination of mechanical properties (e.g. large plastic strain and high yield strength) 
among all the diameters (ø2, ø3 and ø4 mm) under the room-temperature compression 
tests. With the aim to improve its room-temperature mechanical properties, the 
processes of pre-annealing and cold rolling have been applied for the 2 mm diameter 
rods. Annealed and quenched specimens below Tg and in the supercooled liquid region 
(between Tg and onset crystallization temperature Tx) do not lead to the enhancement of 
the plasticity compared to as-cast alloys due to annihilation of excess free volume and 
crystallization. Cold rolling can effectively improve the plasticity of this BMG by 
inducing structural heterogeneities. Rolled samples up to a thickness reduction of 15% 
result in the largest plasticity of 5.7%. Low yield strength and visible work hardening 
ability are observed in the both 10%-rolled and 15%-rolled samples. The deformation 
behavior of Ti40Zr10Cu34Pd14Sn2 BMG at the elevated temperatures slightly below Tg 
and in the supercooled liquid region has been investigated. The stress-strain relations for 
this BMG over a broad range of temperatures (298 ~716 K) and strain rates (10-5 to 10-3 
s-1) were established in uniaxial compression. Under compression tests at the highest 
test temperature of 716 K, the Ti-based BMG partially crystallizes and low strain rates 
Abstract 
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can lead to the formation of larger volume fractions of crystals.  
In order to further improve the plasticity of Ti-Zr-Cu-Pd BMGs and 
simultaneously reduce the content of Cu (considering harmful element for the human 
body), the Ti40Zr10Cu36-xPd14Inx (x = 2, 4, 6, 8) BMGs have been newly developed with 
different short- or medium-range order in the structure. The compressive global strain of 
Ti40Zr10Cu36-xPd14Inx (x = 0, 2, 4, 6, 8) can be significantly improved from 4.5% for the 
In-free alloy to 10.2% for x = 4. However, a further increase of the indium content to 8 
at.% results in a decrease of the plasticity. Among all the monolithic Ni-free Ti-based 
BMGs reported so far, the novel Ti40Zr10Cu32Pd14In4 BMG shows the largest plasticity. 
Inspired by the dislocation concept in crystalline materials, we propose a strategy 
for the design of ductile BMGs through minor substitution using relatively large atoms, 
which make the bonding nature become more metallic and with it less shear resistant. 
Such a locally modified structure results in topological heterogeneity, which appears to 
be crucial for achieving enhanced plasticity. This strategy is verified for Ti-Zr-Cu-Pd 
glassy alloys, in which Cu was replaced by In, and seems to be extendable to other 
BMG systems. The atomic-scale heterogeneity in BMGs is somewhat analog to defects 
in crystalline alloys and helps to improve the overall plasticity of BMGs. 
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Kurzfassung 
Bei metallischen Gläsern handelt es sich um amorphe Legierungen welche, im 
Gegensatz zu kristallinen, keine Fernordnung besitzen. Ni-freie massive metallische 
Gläser auf Ti-Basis weisen mit hohen Festigkeiten, sehr guten 
Mikroverformungseigenschaften und einer exzellenten Korrosionsbeständigkeit ein 
Eigenschaftsspektrum auf, welches von kristallinen Legierungen bisher nicht erreicht 
werden kann. Daraus ergibt sich ein großes Potential für biomedizinische Anwendung. 
In der vorliegenden Arbeit wurden die Ni-freien amorphen Ti-Basislegierungen 
Ti40Zr10Cu34Pd14Sn2 und Ti40Zr10Cu36-xPd14Inx (x = 0, 2, 4, 6, 8 at.%) mittels 
Sauggussverfahren in Form von Stäben hergestellt. Beiden Legierungen wurden 
hinsichtlich Glasbildungsfähigkeit, thermischer Beständigkeit, vorliegender 
Phasenbildungsreaktionen, sowie ihrer mechanischen Eigenschaften charakterisiert. 
Die Legierung Ti40Zr10Cu34Pd14Sn2 konnte bis zu einem Durchmesser von 3 mm im 
vollständig glasförmigen Zustand hergestellt werden, das Legierungssystem 
Ti40Zr10Cu36-xPd14Inx (x = 2, 4, 6, 8) bis zu einem Durchmesser von 2 mm. Die 
Basislegierung (Ti40Zr10Cu36Pd14) enthält stets kristalline Phasenanteile. 
Die während des Anlassens von Ti40Zr10Cu34Pd14Sn2 ablaufenden strukturellen 
Umwandlungen wurden mit Hilfe verschiedener Verfahren analysiert. Die primäre 
Kristallisation wurde zunächst mittels dynamischer Differenzkalorimetrie (DSC), 
Röntgenbeugung (XRD) und Transmissionselektronenmikroskopie (TEM) untersucht. 
Dabei konnten die Phasen α-(Ti, Zr) und Cu3Ti (orthorhombisch) nachgewiesen 
werden. Anschließend wurden Beugungsversuche mit Synchrotronstrahlung 
durchgeführt, um tiefere Einblicke in thermisch aktivierte strukturelle Änderungen wie 
Kurzfassung 
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Relaxation, Glasübergang und Kristallisation zu erhalten. Der erste Reflex eines 
Diffraktogramms kann stets mit der Nahordnung der jeweiligen amorphen Phase 
korreliert werden. Daher wurden die Winkellagen, Reflexbreiten und Intensitäten im 
Temperaturbereich unter 800 K, unter Verwendung der Voigt-Funktion, angenähert. 
Alle vorweg genannten Größen zeigen einen nahezu linearen Anstieg mit der 
Temperatur, bis hin zum Einsetzen der Relaxation bei Tr = 510 K. Im 
Temperaturbereich zwischen Tr und der Glasübergangstemperatur Tg zeigen sich 
zunehmende Abweichungen vom linearen Verlauf. Die Änderungen im freien 
Volumen, welches während der Rascherstarrung eingefroren wurde, sowie des 
thermischen Ausdehnungskoeffizienten ergeben, dass dies durch die strukturelle 
Relaxation erklärt werden kann. Oberhalb von 800 K können drei 
Kristallisationsereignisse nachgewiesen werden, wobei die erste (exotherme) 
Umwandlung die Bildung von metastabilen Nanokristallen darstellt. 
Im einachsigen Druckversuch zeigt die Legierung Ti40Zr10Cu34Pd14Sn2 bei einem 
Stabdurchmesser von 2 mm, im Vergleich zu den 3 mm- und 4 mm-Proben, die besten 
mechanischen Eigenschaften. Zum Zweck einer weiteren Verbesserung der 
Raumtemperatureigenschaften wurden an den 2 mm-Proben sowohl Glühversuche, als 
auch Kaltwalzversuche durchgeführt. Durch Anlassen der Proben unterhalb von Tg 
sowie im Bereich der unterkühlten Schmelze (zwischen Tg und der 
Kristallisationstemperatur Tx) und anschließendes Abschrecken, kommt es zur 
Vernichtung von freiem Volumen bzw. zur Kristallisation. Die dadurch erreichte 
plastische Verformbarkeit liegt deutlich unter jener im Gusszustand. Durch Kaltwalzen 
können hingegen Gefügeinhomogenitäten generiert werden, welche zu einer effektiven 
Verbesserung der mechanischen Eigenschaften führen. Bereits ab einem Umformgrad 
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von 10 % kann ein Abfall der Fließgrenze und ein deutliches 
Kaltverfestigungsvermögen beobachtet werden. Bei einem Umformgrad von 15% wird 
schließlich die maximale plastische Verformbarkeit von 5.7% erreicht. 
Weiterhin wurde das Warmverformungsverhalten knapp unterhalb von Tg und im 
Bereich der unterkühlten Schmelze untersucht. Dabei wurden die mechanischen 
Eigenschaften der metallischen Gläser über einen weiten Temperaturbereich (298 – 
716 K), bei Verformungsraten von 10-5 - 10-3s-1 im Druckversuch geprüft. Bereits bei 
716 K kommt es zur partiellen Kristallisation, wobei sich bei niedrigen Dehnraten 
größere Anteile kristalliner Phasen bilden können. 
Zur weiteren Verbesserung des plastischen Verformungsvermögens von Ti-Zr-
Cu-Pd-Gläsern und der gleichzeitigen Verbesserung der Bioverträglichkeit durch die 
Teilsubstitution von Kupfer, wurde die amorphe Legierung Ti40Zr10Cu36-xPd14Inx (x =2, 
4, 6, 8) entwickelt. Durch maßgebliche Änderungen in der Mittel- und Fernordnung 
konnte die Dehnung im Druck von 4.5% (x = 0) auf 10.2% für x = 4 gesteigert werden. 
Ein weiterer Anstieg des In-Gehaltes auf x = 8 bedingt jedoch einen erneuten Abfall 
des Verformungsvermögens. Im Vergleich mit bisher bekannten Ni-freien 
monolithischen massiven metallischen Gläsern auf Titanbasis, weißt das neue 
Legierungssystem Ti40Zr10Cu32Pd14In4 die höchste plastische Verformbarkeit auf. 
In Anlehnung an das Versetzungskonzept in kristallinen Materialien wird in der 
vorliegenden Arbeit ein Konzept zum Design von massiven metallischen Gläsern 
vorgeschlagen, welches auf der Einbringung von Atomen mit verhältnismäßig großem 
Atomdurchmesser basiert. Diese verschieben den Bindungscharakter in Richtung der 
metallischen Bindung, wodurch die Abscherung der Atome aneinander erleichtert wird. 
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Eine derartige lokale Änderung der Struktur führt zu topologischen Inhomogenitäten, 
welche sich als entscheidend für die Verbesserung der plastischen Verformbarkeit 
erwiesen haben. Die Wirkungsweise der Inhomogenitäten erscheint näherungsweise 
äquivalent zu Gitterdefekten in kristallinen Materialien. Dieses Modell wurde im 
Legierungssystem Ti-Zr-Cu-Pd anhand der Teilsubstitution von Cu durch In 
erfolgreich angewandt. Eine Ausdehnung auf weitere metallische Gläser erscheint 
daher vielversprechend.
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1 Introduction 
Metals in our daily lives generally exist as crystalline materials. However, rapid 
cooling of the melt can result in the formation of alloys in glassy states [1]. Such 
glasses are referred to be the metallic glasses which have an amorphous structure 
directly inherited from the liquid [2]. 
In recent years metallic glasses have attracted increased interest due to their 
unique mechanical, physical and chemical properties, in many cases superior to 
crystalline alloys. For instance, metallic glasses exhibit high yield stresses much closer 
to the theoretical strength of material than their crystalline counterpart [3], large elastic 
strain of 2% as compared with the crystalline materials (< 1%) and high corrosion and 
wear resistance [4]. Bulk metallic glass (BMGs) currently have the best known values 
for the performance index σ2/E and good values of the index σ2/ρE (where σ, ρ, and E 
are respectively the yield strength, mass density, and Young’s modulus) [5, 6]. The 
term σ2/E measures the capacity, per unit volume, to store and return elastic energy. 
The first metallic glass of Au75Si25 was discovered in the CalTech laboratory of 
Professor Pol Duwez in 1959 [7]. They developed the rapid quenching techniques to 
cool metallic liquids at the high rates of 105-106 K/s so as to bypass the process of 
nucleation and growth of the stable crystalline phase [8]. After that, glass formation in 
Pd- [9-11] and Ti-based alloys [12] was reported. However, the size of most metallic 
glasses samples is limited to less than one millimeter due to the high critical cooling 
rate required for the formation of conventional metallic glasses [13]. Until 1988, it 
started to be discovered by Inoue et al. that bulk metallic glasses (BMGs) were able to 
be fabricated in Mg-Ln-M (Ln = Lanthanide metal, M = Ni, Cu or Zn) alloy system by 
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cupper mold casting [14] Since then, a number of BMGs have been developed and 
explored at much lower cooling rates (~1 to 100 K/s or lower) owing to their 
fundamental scientific importance and engineering applications. Several BMG families 
based on Zr [15], Cu [16], Fe [17, 18], Ti [19, 20] and so on, have been developed, 
commercialized or tested for some potential applications. For instance, Zr-based 
BMGs [15] that exhibit the high glass-forming ability (with the largest diameter up to 
14 mm) and excellent mechanical properties, have been used to fabricate the sport 
goods, springs, parts of precision instruments, cell phone and medical devices [2, 21].  
Recently, Ti-based metallic glasses have attracted increasing attention due to 
their high specific strength, excellent corrosion properties and good biocompatibility. 
They are actively explored for use as materials for the biomedical application. Among 
the Ti-based BMGs, Ti-Zr-Cu-Pd BMGs exhibit the highest glass-forming ability (up 
to 10 mm-diameter rod) and have been successfully over a wide compositional range 
[22-25] Moreover, the Ti-Zr-Cu-Pd-Sn BMG shows the maximum strength up to 2000 
MPa combined with high corrosion resistance, which makes them interesting for 
biomedicine [25]. Nevertheless, they still have two major drawbacks: the poor 
plasticity and a high content of Cu, which make them improper for the application in 
biomedicine. Therefore, the present work mainly has three objectives:  
a) Systematically investigate phase formation / structure/ properties of this 
type of alloy (Ti-Zr-Cu-Pd alloys). 
b) Understand the mechanical behavior and find the proper way for 
increasing the plasticity of Ti-Zr-Cu-Pd alloys.  
c) Designing new Ti-Zr-Cu-Pd BMGs by decreasing Cu content. 
 
1 Introduction 
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The Ti40Zr10Cu34Pd14Sn2 BMG [25] was chosen as the starting point of this work 
due to the largest glass forming ability (GFA) among all the monolithic Ni-free Ti-
based BMGs. Moreover, this BMG [25] exhibits the largest plastic strain of ~ 1.2 % 
among all the monolithic Ni-free BMGs. For this composition, annealing and cold 
rolling have been investigated for improving its plasticity at room temperature. 
Moreover, the structure and mechanical behavior of the Ti40Zr10Cu34Pd14Sn2 BMG at 
elevated temperatures slightly below the glass transition temperature Tg and in the 
supercooled liquid region (between Tg and Tx) have also been studied. In order to 
design novel Ni-free Ti-based BMGs, toxic copper was partially replaced by indium 
for the composition of Ti40Zr10Cu36-xPd14Inx (x = 0, 2, 4, 6, 8 at.%). The Ti-Zr-Cu-Pd-In 
BMGs were characterized in terms of structure, thermal stability, glass-forming ability 
and mechanical properties. Both Ti40Zr10Cu34Pd14Sn2 and Ti40Zr10Cu36-xPd14Inx (x = 0, 
2, 4, 6, 8 at.%) alloys were developed on the basis of Ti40Zr10Cu36Pd14 alloy by adding 
the element of Sn and In. 
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2 Metallic glasses 
Metallic glass, first discovered in Au-Si alloy system in 1959 [7], is an 
amorphous alloy that exhibits a glass transition at which derivate thermodynamic 
properties such as the heat capacity change abruptly [26]. In general, metallic glasses 
can be sorted into two groups: metal-metal-based glasses in which all components are 
metallic elements (e.g. Zr, Ti, Cu) and metal-metalloid-based glasses that contain a 
large amount of metalloid elements, such as P, B, Si, and C [27]. Metallic glasses can 
also be classified as non-ferromagnetic and ferromagnetic alloy groups. The non-
ferromagnetic alloy group consists of Ln-, Mg-, Zr-, Ti-, Pd-, Ca-, Cu-, Pt- and Au-
based systems, while the ferromagnetic group comprises Fe-, Co- and Ni-based alloy 
systems [21].  
2.1 Structure and glass forming ability  
2.1.1 Structure of metallic glasses 
Unlike crystalline metals, metallic glasses are amorphous materials that do not 
possess long-range structural order. The amorphous structure can be identified by X-
ray diffraction (XRD), electron microscopy and differential scanning calorimetry 
analyses (DSC) (Fig. 2.1(a)-(c)). In principle, metallic glasses can be identified in X-
ray diffraction experiments by observing broad diffuse halos, in contrast to the sharp 
Bragg peaks observed in crystalline materials [8, 28]. However, when the XRD pattern 
shows a broad and diffuse halo [29] (Fig. 2.1(a)), the material may not be fully 
amorphous. It may consist of a small volume fraction of the crystalline phases in the 
glass matrix. Even more, it could be a crystalline material that contains the grain size 
smaller than ~10 nm [8]. Therefore, it is always necessary to confirm the lack of 
2 Metallic glasses 
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crystallinity in the material by using transmission electron microscopy (TEM) [29] 
(Fig. 2.1(b)). In addition, DSC curve clearly indicates the glass-transition temperature 
Tg, the crystallization temperature Tx, the solidus temperature Ts and the liquidus 
temperature Tl for the metallic glass [29] (Fig. 2.1(c)), further confirming the fully 
glassy structure.  
 
Figure 2.1 Amorphous structure of the Pd-based glass verified by (a) X-ray diffraction 
analysis (XRD), (b) high-resolution transmission electron microscopy (HRTEM) and 
(c) differential scanning calorimetry (DSC). Arrows in (c) indicate the critical 
temperatures (Tg , Tx , Ts , Tl) for the metallic glass [29]. 
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Local atomic structure of metallic glasses is one of the interesting and open 
issues in physical metallurgy. Some pioneering work [30-32] has attempted to define 
the atomic-scale structures and defects of amorphous alloys. Despite no crystalline 
lattice, topological and chemical short-to-medium range order is expected to be 
pronounced in these metallic glasses, due to their high atomic packing density and the 
varying chemical affinity between the constituent elements [33]. Short-range order 
(SRO) means the clusters of solute atoms are surrounded by a majority of solvent 
atoms on the atomic scale. SRO develops over the first couple of coordination shells 
(typically <0.5 nm) [3]. For middle-range order (MRO), it can be modeled by highly 
structured superclusters consisting of interconnected smaller clusters [34] and may 
extend to beyond ~1 nm [3]. Both short- and medium-range orders affect the properties 
of metallic glasses [34]. 
 
Figure 2.2 Z clusters with polytetrahedral packing and triangulated shell [33]. For each 
cluster, the center atom is colored pink, and the yellow edges outline the Voronoi cell.  
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Computer simulations have shown that the polytetrahedral packing with Z 
clusters seems to be quite general in the metallic glasses, which could provide a 
description of short-range order [33]. The more details about Z clusters are illustrated 
in Fig. 2.2. For the question which cluster is dominant in metallic glasses, it is indeed 
determined by the alloy system and chemical compositions. 
 
 
Figure 2.3 Miracle’s model: face-centered cubic (fcc) middle-range order of solute-
centered clusters in the two dimensions (a) and three dimensions structure (b). The α 
sites are occupied by blue spheres, the β sites are occupied by purple spheres and the γ 
sites are occupied by orange spheres. Pink solvent spheres (Ω) form relaxed icosahedra 
around each α solute [35]. 
 
Since the density difference between BMGs and the corresponding crystalline 
solids is <0.5%, it is only proper to expect that the BMGs will contain units that are 
densely packed [8]. To give an image of middle-range order, Miracle [35] for the first 
time proposed face-centered cubic (f.c.c.) packing of overlapping clusters as the 
building scheme for metallic glass structures (Fig. 2.3). The main assumption is that 
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the metallic glass is solute lean and the solute atoms are surrounded by solvent only 
[33]. In Miracle’s model only four topologically distinct atomic constituents are 
present (Fig. 2.3), i.e. solvent atoms (Ω), the primary cluster-forming solute species 
(α), a secondary (β) solute that occupies cluster-octahedral interstices and a tertiary (γ) 
solute that occupies cluster-tetrahedral interstices [35]. Recently, Sheng et al. [36] 
further confirmed the dominance of solute-centered cluster in metallic glasses by 
conducting systematic experimental and computational analysis. They consider that the 
solute-centered clusters are packed with appreciable icosahedral topological order 
rather than crystal-like order in Miracle’s model. Since Sheng’s model does not 
directly account for chemical and internal strain contributions to the stability of the 
glass, it still has a major deficiency.  
Regardless of atomic packing models, the total volume of a metallic glass can be 
separated into the space occupied by the dense atomic clusters and the empty space 
among these atomic clusters due to packing frustrations [26]. The empty space, termed 
the free volume, around constitute atoms have a lower atomic coordination than those 
in the densely packed reference atomic clusters [37-39]. In fact, metallic glasses may 
contain a certain amount of excess free volume trapped in the glassy structure when 
rapidly quenched [37]. Generation, annihilation and redistribution of the free volume 
defects play an important role for the properties of the glass. The free volume model 
will be addressed in detail in subsection 2.3.1. 
2.1.2 Glass formation and crystallization 
Metallic glasses, or glasses in general, are not in a thermodynamically stable 
(equilibrium) state. They will relax and eventually transform to the crystalline ground 
state at any temperature if the sufficient time (may be a few minutes to thousands of 
2 Metallic glasses 
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years, depending on the type of glass and the way it is made) is provided [8]. 
Therefore, the glass formation and crystallization will be discussed focusing on 
thermodynamics and kinetics, respectively.  
 
Figure 2.4 The effect of temperature on the specific volume (enthalpy, entropy) of a 
metallic glass [40].  
 
It is well known that a metallic glass is a noncrystalline solid formed by 
continuous cooling from the liquid state. Fig. 2.4 shows the variation of specific 
volume (volume per unit mass) as a function of temperature [40]. The enthalpy and 
volume behave in a similar fashion like specific volume [40]. With decreasing 
temperature in a liquid melt, the atomic structure of the melt will gradually change and 
the specific volume decreases until the freezing/melting point Tm. At Tm, one 
possibility is that crystallization occurs and the volume decreases abruptly to the value 
typical of the crystal. With temperature further decreasing below Tm, the volume of the 
metal will decrease slowly depending on its coefficient of thermal expansion. 
However, if the cooling rate is sufficiently high, the formation of the crystalline nuclei 
will not occur and hence the supercooled melt will be obtained. Upon further cooling, 
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the volume begins to deviate from the equilibrium line and follow a line of gradually 
decreasing slope since the structure of the supercooled melt start to deviate from the 
equilibrium state.  
The variation of specific heat (Cp) with temperature is shown in Fig. 2.5. The Cp 
of the undercooled liquid increases with decreasing temperature and the difference 
between the Cp of the undercooled liquid and the glass continues to increase till Tg. At 
Tg, there is a sudden drop in the Cp value of the undercooled liquid, a manifestation of 
the fewer degrees of freedom as a result of freezing of the liquid. Once the glass is 
formed, there is very little difference in the Cp between the crystal and the glass. 
 
 
Figure 2.5 The effect of temperature on the specific volume (enthalpy, entropy) of a 
metallic glass [40].  
 
One way of obtaining metallic glasses is to rapidly solidify the liquid alloy at a 
fast rate. For glass formation, there exists a critical cooling rate, Rc, that is dependent 
on the alloy system and its composition. Fig. 2.6 shows a schematic illustration of 
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continuous cooling transformation curves for bulk glassy, ordinary amorphous and 
crystalline alloys [21]. The resulting lowest critical cooling rate for glass formation 
reaches as low as 0.067 K s-1 [41], which is 108 times smaller than those for ordinary 
amorphous alloys [21]. The critical cooling rates Rc for different alloy systems are 
theoretically calculated by the following equation:  
𝑅𝑐 ≅
𝑇𝑙−𝑇𝑛
𝑡𝑛
                                                   (2.1) 
where Tl is the liquidus temperature, Tn and tn are the temperature and time at the nose 
of the C-curve, respectively. Therefore, in order to achieve glass formation the liquid 
alloy should be cooled at a rate faster than Rc and to a temperature below Tg. On the 
other hand, the smaller Rc, the higher the GFA a system should be.  
 
 
Figure 2.6 Schematic time–temperature–transformation (T–T–T) diagram for bulk 
glassy, ordinary amorphous and crystalline alloys, showing the high stability of the 
supercooled liquid state for long periods reaching several thousand seconds [21]. 
 
2.1.3 The glass forming ability criteria 
The ability of a metallic alloy to transform into the glassy state is defined as the 
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glass-forming ability (GFA) [8], which is very crucial for understanding the origins of 
glass formation and also important for designing and developing new BMGs. Several 
parameters (Trg, ∆T, γ, Dmax)  have been used to reflect relative GFA among BMGs on 
the basis of the characteristic temperatures measured by DSC or/and differential 
thermal analysis (DTA) [42]. The reduced glass temperature Trg is the ratio between the 
glass transition temperature Tg and liquidus temperature Tl, i.e. Trg = Tg / Tl, which was 
first proposed by Turnbull [43]. He calculated that the nucleation rate of crystals 
becomes lower when Trg is above 2/3, which thus favors vitrification of a melt. An 
alloy composition with a high Trg, i.e. as high a value of Tg and as low a value of Tl as 
possible, will promote easy glass formation and indicate high GFA. The temperature 
difference ∆T (∆T = Tx - Tg, Tx: the onset crystallization temperature), is also termed as 
the width of supercooled liquid region. Generally, a large ∆T value may indicate that 
the supercooled liquid can exist in a wide temperature range without crystallization and 
has a high resistance to the nucleation and growth of crystalline phases [8]. Since 
crystallization is actually a competitive process with respect to glass formation, a large 
∆T results in a high GFA [42]. However, Lu et al. [42] believed that ∆T alone cannot 
infer relative GFA for some BMGs. Therefore, they have further proposed a new 
parameter γ, defined as Tx / (Tg+Tl), which allows for a better estimation of the GFA 
compared to other parameters. Dmax is the largest thickness of the sample that still has 
amorphous structure. Obviously, the thicker the amorphous sample is, the higher GFA 
this alloy has. 
Table 2.1 shows the values of these four parameters (Trg, ∆T, γ, Dmax) for the 
selected BMGs [15, 44-51]. It can be noticed that the Pd42.5Cu40Ni7.5P20 BMG has the 
largest Trg of 0.72 and ∆Tx of 109 K among all the BMGs. Up to now it has been 
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reported to be the biggest glassy alloy with a diameter of 80 mm (Dmax) and a length of 
85 mm in the world [45]. Another BMG with excellent glass-forming ability is 
Pd40Cu30Ni10P20, which has a large Dmax of 72 mm and other GFA parameters (Trg, ∆T, 
γ) are also large, indicating the high glass-forming ability. For the Ti-based BMGs, one 
can observe that the Ti40Zr25Cu12Ni3Be20 BMG [50] has the largest Dmax values (14 
mm), which is considered to be the best glass former among all the Ti-based BMGs so 
far. The glass forming ability of other based BMGs can be clearly seen in Table 2.1.  
 
Table 2.1 Values of the four criteria (Dmax, Trg, ∆T and γ ) for the glass forming ability 
of the selected BMGs [15, 44-51]. Glass transition temperature Tg, onset crystallization 
temperature Tx, liquid temperature Tl, the maximum diameter (Dmax) of the sample that 
still has amorphous structure; Trg = Tg / Tl ; the width of supercooled liquid region ∆T = 
Tx -Tg ; γ  = Tx / (Tg+Tl).  
 
Compositions (at.%) Tg (K) Tx (K) Tl (K) Dmax (mm) Trg ∆T γ Ref 
Pd40Cu30Ni10P20 576.9 655.8 836 72 0.69 78.9 0.464 [44] 
Pd42.5Cu40Ni7.5P20 575 684 800 80 0.72 109 - [45] 
Cu46Zr42Al7Y5 672 772 1113 10 0.60 100 0.432 [46] 
Zr41.2Ti13.8Cu12.5Ni10Be22.5 625 705 996 25 - 80 - [15] 
Mg61Cu28Gd11 422 483 737 12 0.573 61 0.417 [47] 
Co48Cr15Mo14C15B6Er2 848 933 1394 10 0.608 85 0.416 [48] 
La62Al15.7Cu11.5Ni11.15 422 460 722 11 0.58 38 0.402 [49] 
Ti40Zr25Ni3Cu12Be20 601 643 985 14 0.61 42 - [50] 
Ti40Zr25Ni8Cu9Be18 621 668 1009 8 0.63 47 0.410 [51] 
Ti45Ni15Cu25Sn3Be7Zr3 680 741 1142 5 0.60 61 0.410 [51] 
 
In addition to the parameters that may determine the GFA, some strategies, e.g. 
confusion principle, Inoue’s empirical rules, have also been proposed to design the 
alloys with the good glass-forming ability. Greer has suggested the ‘‘confusion 
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principle’’ that the glass-forming ability in BMGs tends to increase when more 
elements are added to the alloy [52]. He claimed that the more elements involved, the 
lower the chance that the alloy can select viable crystal structures, and the greater the 
chance of glass formation. Inoue has also summarized three empirical rules based on 
lots of experimental results [53]:  
 
(1) Multicomponent systems consisting of more than three elements;  
(2) Significant difference in atomic sizes with the size ratios above about 12% 
among the three main constituent elements;  
(3) Negative heats of mixing (∆H) among the three main constituent elements.  
 
The alloys satisfying the three empirical rules have special atomic configurations in the 
liquid state which are significantly different from those of the corresponding crystalline 
phases [53]. Such atomic configurations favor the glass formation in terms of 
thermodynamics, kinetics as well as the microstructure development [54]. It is also 
easier to obtain metallic glasses at eutectic compositions especially in a number of 
binary alloy systems [2]. However, bulk glassy phase is often produced in off-eutectic 
compositions, which is regarded to be linked with the kinetic considerations [8]. Based 
on these parameters and design strategies, nowadays the alloy systems and their 
compositions, which are likely to be transformed into the glassy condition, can be 
somehow predicted. 
2.2 Thermal stability and devitrification 
Metallic glasses, including BMGs, are metastable in nature. When a BMG is 
annealed to high temperatures, maintained at that temperature for some giving time 
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and cooled down to room temperature, different events could occur in this BMG [8]. 
Generally, structural relaxation takes place at temperatures below Tg while 
crystallization is expected to occur at temperatures at or above Tx [8]. In some alloy 
systems, phase separation may also be observed at temperatures around Tg (either 
below Tg, at Tg, or above Tg). Therefore, the transformation of the glassy phase indeed 
depends on the annealing temperature and the alloy system.  
Structural relaxation   
When the metallic glass is annealed at a temperature below Tg, the structure 
initially relaxes towards a more stable state [55]. This phenomenon is called structural 
relaxation and is commonly observed in all kinds of glasses through structural studies 
using neutron, X-ray, or electron scattering [56, 57]. As the metallic glasses become 
relaxed, the changes of physical properties are experimentally observed, for instance, 
density and Young’s modulus [58]. During structural relaxation, the glassy structure 
reduces its free energy by undergoing some rearrangements through short-range 
ordering (SRO). According to Egami [56], there are two kinds of relaxation behavior: 
chemical short-range ordering (CSRO) and topological short-range ordering (TSRO) 
[8, 56]. CSRO refers to the different chemical environment (chemical composition) 
around the constituent atoms from the average composition in metallic glasses [8, 59] 
It is assumed to change reversibly with temperature. For example, the reversible 
changes in elastic properties can be interpreted by CSRO. TSRO describes different 
atomic configuration due to the collective motion of groups of atoms and may cause 
irreversible change in properties such as the density [8, 59].  
Crystallization model 
Following structural relaxation, crystallization has been observed to occur 
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generally by nucleation and growth processes at or above Tx [60]. The crystallization 
reactions can be classified into polymorphous, eutectic and primary crystallization [8, 
59, 60]. To gain an overall picture of the crystallization, Fig. 2.7 displays the 
hypothetical free energy vs. composition diagram for the glass and different crystalline 
phases in the Fe-rich Fe-B system. The stable equilibrium between α-Fe and Fe2B 
phases is shown by a solid tangent line; the possible metastable equilibrium is denoted 
by a dashed tangent line.  
 
 
Figure 2.7 Hypothetical diagram of the free energy for the various phases in Fe-B 
alloys versus concentration [8, 59, 60]. The numbers 1 to 5 correspond to 
crystallization mentioned in the text. 
 
a) Polymorphous crystallization  
According to Köster et al. [60], the amorphous alloy transforms into a 
supersaturated alloy or a metastable or stable crystalline compound without any change 
in concentration. This reaction can occur only in concentration ranges near the pure 
elements or compounds. In addition, the growth of crystals is linear with time and the 
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growth rate has an Arrhenius dependence on temperature [8]. As shown in Fig. 2.7, 
reaction 1 is polymorphous crystallization of α-Fe and reaction 4 is polymorphous 
crystallization of Fe3B. 
b) Eutectic crystallization 
In this model, the glassy phase transforms simultaneously into two (or more) 
crystalline phases by a discontinuous reaction [60]. The reaction has the largest driving 
force and can occur in the whole concentration range between two stable or metastable 
phases. There is no difference in the overall concentration across the reaction front. 
Because the two components have to separate into two phases in the reaction front, 
eutectic crystallization usually should take more time compared to the polymorphous 
reaction. For instance, reaction 3 and reaction 5 (Fig 2.7) correspond to the eutectic 
reaction since the amorphous phase simultaneously transforms into α-Fe+Fe3B or α-
Fe+Fe2B, respectively. 
c) Primary crystallization 
During this type of reaction, the amorphous phases will transform into a single 
phase until the reaction reaches the metastable equilibrium, e.g. reaction 2 (Fig. 2.7): 
the amorphous phase transforms into a-Fe +amorphous Fe-B [60]. The dispersed 
primary crystallized phase may act as the preferred nucleation site for the following 
crystallization of the amorphous matrix.  
Depending on the composition of alloy, the thermodynamic driving force for 
crystallization and the so on, the metallic glasses could crystallize into the stable 
equilibrium phases in one of the three ways above [8]. Most metallic glasses do not 
crystallize by a polymorphous reaction, but crystallization behavior is complicated by 
decomposition reactions [60].  
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Crystallization kinetics 
The activation energy corresponds to the height of the potential energy barrier 
that the glass has to surmount in order to transform into crystalline phases [61]. The 
crystallization energy can be obtained from isochronal or isothermal calorimetric 
measurements. For the isochronal process, Kissinger [62] was the first to derive an 
expression (equation 2.2) to determine the activation energy of a specific 
transformation. 
− 𝐸𝑎
𝑅𝑇
= 𝐶 + ln (𝜑
𝑇2
)                                            (2.2) 
where Ea is the activation energy of crystallization, 𝜑 is the heating rate, R is the 
universal gas constant and T is the peak temperature. Kissinger method [59] is indeed 
based on the assumption that if a reaction proceeds at a rate varying with temperature, 
i.e. possesses activation energy, the position of the calorimetric DSC peak, Tp, varies 
with the heating rate if the other experimental conditions are maintained fixed. The 
activation calculated by this method depends on the temperature dependences of the 
nucleation and growth rates and on any transient events [63].  
Using isothermal DSC measurements the activation energy can be also calculated 
by Johnson–Mehl–Avrami analysis (JMA) [64], which is widely used to model the 
mechanism of isothermal solid-state phase transformations [64, 65]. The reaction rate 
as well as parameters governing the nucleation rate and /or the growth morphology can 
be obtained by this JMA equation [63]. 
𝑥 = 1 − exp{[𝑘(𝑡 − 𝜏)𝑛)}                                    (2.3) 
where x is the transformed volume fraction, k is the reaction rate, t is the time, τ is the 
incubation time till crystallization sets in and n is the Avrami exponent. n can vary 
from 1 to 4 and it is used to describe the transformation mechanism, such as the 
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nucleation and growth behavior [66]. For diffusion-controlled growth, one may have 
the following cases: 1< n<1.5 indicates the growth of particles with an appreciable 
initial volume; n = 1.5 indicates growth of particles with a nucleation rate close to zero; 
1.5< n <2.5 reflects growth of particles with decreasing nucleation rate; n = 2.5 reflects 
growth of particles with constant nucleation rate and n > 2.5 pertains to the growth of 
small particles with an increasing nucleation rate [66, 67]. 
2.3 Mechanical properties and deformation behavior 
The lack of long-range atomic order in metallic glasses makes their mechanical 
properties and behavior considerably different from those of crystalline alloys [68]. In 
contrast, metallic glasses have the unusual combination of high yield strength (σy), 
high hardness (Hv), low young’s modules (E), high elastic strain (σy/E) of around 2% 
and high resilience (σy/E2) due to the absence of microstructural features such as 
grains, grain boundaries, and dislocations [2, 4, 6, 8, 69, 70]. As shown in Fig. 2.8, 
depending on the alloy compositions the bulk amorphous alloys show the higher σf of 
840-2100 MPa, higher Hv combined with E of 47-102 GPa [53]. Such high strength of 
metallic glasses leaves them without work hardening capacity, and indeed they show 
work softening [2]. The high elastic strain limits make bulk amorphous metals an ideal 
material for springs and high resilience leads to many applications in sports goods 
(golf clubs, tennis rackets) [2, 69, 71].  
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Figure 2.8 Relationship between σf or Vickers hardness (Hv) and E for various bulk 
amorphous alloys and crystalline alloys [53]. 
 
Generally, the mechanical behavior of BMGs can be classified into homogeneous 
and inhomogeneous deformation. A deformation mechanism map (steady-state strain 
rate as a function of stress and temperature) for a typical metallic glass [72, 73] is 
shown in Fig. 2.9. The inhomogeneous flow occurs at low temperatures (lower than 
about 0.6 Tg) and or high strain rates, where the strain is concentrated in a few shear 
bands in compression/tension [73, 74]. For example, at room temperature the metallic 
glasses usually exhibit very limited plastic strain in compression and failure occurs 
finally along a single shear band at an angle of around 45o (more precisely, lower than 
45o) under confined compression [75, 76]. This deformation behavior is considered to 
be inhomogeneous deformation. In contrast to the inhomogeneous deformation, 
homogeneous deformation usually takes place at the temperature higher than 0.6 Tg 
and or lower strain rates. In this case, metallic glasses undergo viscous flow in which 
plastic strain is distributed continuously, but not necessarily equally, between different 
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volume elements within the material [8]. This kind of deformation is referred to be 
“homogeneous” deformation. Depending on the temperature and the applied strain 
rate, the metallic glass may exhibit either inhomogeneous or homogeneous 
deformation behavior [70]. However, the mechanisms are the same for both 
deformation modes. In this section, we will review the deformation mechanism and 
these two kinds of deformation behavior, respectively. Since BMGs usually exhibit 
limited plastic strain at room temperature, the methods for improving the plasticity are 
also discussed in detail. 
 
Figure 2.9 Deformation mechanism map for a metallic glass [72, 73]. 
 
2.3.1 Deformation mechanism 
In crystalline metals the mechanical properties are strongly reliant on their 
crystal and electronic structure [26]. The plastic deformation proceeds by the 
movement of dislocations along certain crystal planes [77]. The deformation 
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mechanism acting in the crystalline materials has been well established by the 
development of dislocation theory and electronic theory [26]. One can generally 
enumerate various distinct atomistic mechanisms, for instance, dislocation climb, glide 
and diffusional flow. Deformation in crystalline material is considered as a competition 
of rates from among these mechanisms, and the dominant mechanism depends on 
temperature, strain rate and microstructure [70]. However, for metallic glasses, the 
deformation mechanism appears to be more complicated than that for crystalline 
materials due to their disordered structure. 
Due to the efforts of material scientists in the past decades, several rheological 
theories have been developed to describe the deformation behavior of metallic glasses. 
These models are mainly based on two possible atomic-scale mechanisms, i.e., 
deformation induced dilatation or free volume and local events of cooperative shearing 
of atomic clusters termed shear transformation zones (STZs) [78]. There are a number 
of articles dedicated to the deformation mechanism of metallic glasses [26, 70, 72, 79, 
80]. Especially, the fundamental mechanisms of deformation have been reviewed in 
detail by Schuh et al. [70] in 2007. Here we briefly discuss these two models: a) free 
volume model and b) the STZ theory, which are important to understand the 
deformation behavior of the Ni-free Ti-based BMGs investigated in this work.  
a) The free volume mode was first developed by Cohen and Turnbull in 1959 
[37] and then applied to the case of glass deformation by Spaepen in 1977 [72]. This 
model essentially views the deformation as a series of discrete atomic jumps in the 
glass and thereby heterogeneous deformation of metallic glasses at low temperature 
[26, 70]. As addressed in section 2.1.1, the free volume is termed as the empty space 
around the constitute atoms in metallic glasses. At certain temperature or applied 
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stresses, these free volume sites may be the preferred regions where the glassy 
structure destabilization is initiated [26]. According to Spaepen [73], subjected to an 
external stress, the defects of volume 𝜐0 undergo a strain ε0 at a rate that depends on 
the stress. An extension of the free volume theory provides one estimate of the 
dilatation [72, 73]: a fluctuation that is smaller than the critical value 𝜈∗ is opened by 
forcing a neighboring atom into it. Integration over all fluctuation sizes gives a 
production rate for the free volume, which is written as: 
d𝜈𝑓
𝑑𝑡
=2𝑐𝑓𝑘𝑓
KT
S
�cosh(𝜎𝜎0𝜐0
2𝐾𝑇
) − 1�                               (2.4) 
where 𝑆 = 2𝜇(1 + 𝜈)/3(1 − 𝜈), with the shear modulus µ and the Poisson ratio ν, 
respectively; cf is the concentration of free volume; kf is a temperature-dependent rate 
constant;  k is Boltzmann’s constant and T is the temperature [73]. Although this 
model has been widely used to explain various mechanical properties qualitatively, it 
has not made clear the motion and rearrangement of constitute atoms within shear 
bands during plastic flow [26]. Furthermore, for creep tests and high-temperature 
nanoindentation measurements, the deformation process of metallic glasses involves 
multiple atoms instead of single atoms. Egami [55] also pointed out serious problems 
for the free volume theory. One is that the free volume theory itself does not explain 
why the free volume increases linearly with temperature [55]. It is a phenomenological 
theory based upon the experimental observations. The other is the free volume theory 
in its original form does not work for metals [55].  
b) On the basis of atomistic simulations and sheared bubble rage experiments, 
the STZ model was originally proposed by Argon in 1979 to explain the plastic 
deformation of metallic glasses [79]. According to this model, shear deformation 
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occurs by spontaneous and cooperative rearrangement of a small cluster of randomly 
close-packed atoms. Fig. 2.10 depicts an example of the local atomic rearrangement 
during the plastic deformation. Such event has been referred to as “τ defect” [81, 82] 
or commonly a STZ zone [70, 83-85], which is the fundamental unit of plasticity in 
amorphous metals. At high temperatures (0.6 Tg ≤ T ≤ Tg) the transformation is a 
diffuse rearrangement producing a relatively small local shear strain in a roughly 
spherical region, while at low temperatures (0 ≤ T ≤ 0.6 Tg) the transformation is in a 
narrow disk shaped region and resembles closely the nucleation of a dislocation loop. 
In other words, both inhomogeneous and homogeneous deformation could be 
explained by the STZ model. Recently Johnson and Samwer [86] have proposed a 
cooperative shearing model (CSM) of STZs. The concept of potential energy 
landscapes has been introduced to interpret the plastic deformation in combination 
with STZs. In this model, the correlation between structure and energetics has been 
established and the mechanical behavior of BMGs is expected to intrinsically depend 
on the actual volumes of STZs [86, 87].  
 
 
Figure 2.10 A two-dimensional 
schematic of the atomistic 
deformation mechanisms in metallic 
glasses [70]. a) shear transformation 
zone: a shear displacement occurs to 
accommodate an applied shear stress 
τ, with the darker upper atoms 
moving with respect to the lower 
atoms; b) a local atomic jump.  
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It has been observed in many simulation works that STZs consists of a few to 
perhaps 100 atoms, suggesting that STZs are common to deformation of all amorphous 
metals [70]. It should be mentioned that STZ is not a structural defect in an amorphous 
metal in a way that a lattice dislocation is a crystal defect [70]. Rather, an STZ is an 
event defined in a local volume and its operation is strongly dependent on the local 
atomic arrangement in metallic glasses [70]. Recently, Pan et al. [78] have reported the 
experimental characterization of shear transformation zones (STZs) for plastic flow of 
bulk metallic glasses based on the CSM model. Moreover, the ductility of BMGs is 
found to intrinsically correlate with their STZ volumes [78].  
2.3.2 Inhomogeneous deformation 
Inhomogeneous deformation is characterized by the formation of localized shear 
bands, followed by rapid propagation of these bands and the sudden fracture of the 
sample [8, 88]. It has been suggested that the flow in metallic glasses is extremely 
inhomogeneous in this deformation mode. Deformation is localized in thin shear bands 
near planes of maximum shear and appears to be related to be a local change in 
viscosity within these bands [89]. Under compression tests, BMGs essentially show 
strain softening rather than strain hardening in crystallized metals. Strain softening is 
an increment of strain applied to a local volume element softens that element, allowing 
continued local deformation at ever-higher rates [70]. The potential cause for strain 
softening are considered to be the local production of free volume due to flow 
dilatation, local evolution of structural order due to a STZ operations, the redistribution 
of internal stresses associated with STZ operation, local heat generation. Shear 
localization or shear band formation is generally recognized as a direct consequence of 
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strain softening. Shear band is a 10-100-nm-thick zone embedded in undeformed 
matrix, in which large shear plastic deformation has taken place [26]. Generally, the 
formation of more shear bands demonstrates large plastic deformation [90, 91]. 
 
 
Figure 2.11 Serrated plastic flow in stress-strain curve for Zr40Ti14Ni10Cu12Be24 in 
uniaxial compression [89]. 
 
The inhomogeneous nature of the deformation in metallic glasses is manifested 
in the serrated plastic flow, which is characterized by repeating cycles of a sudden 
stress drop followed by elastic reloading [92]. As an example of the inhomogeneous 
deformation, Fig. 2.11 displays the typical stress-strain curve under compression test. 
When Zr-based metallic glass reaches its yield stress, one can see the serrated plastic 
flow starts to occur. The reason for this serrated flow is believed to be linked with the 
formation of shear bands during plastic deformation [89]. SEM micrograph of the 
shear bands is illustrated in Fig. 2.12. 
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Figure 2.12 Scanning electron 
micrograph illustrating the shear 
bands in a deformed Zr-based 
BMG. The arrows indicate the 
loading direction [93]. 
 
 
 
The fracture surface morphology is correlated with the plasticity of metallic 
glass, i.e., the patterns depend on ductile or brittle BMGs. Xi et al. [94] reported a 
correlation between the length scale of such patterns and the fracture toughness using   
𝑟𝑝 =  
1
6𝜋
�𝐾𝑐
𝜎𝑦
�
2
                                                (2.5) 
where kc is the fracture toughness, σy is the yield strength, 𝑟𝑝 is the plastic zone size, 
which is measured from the fracture surfaces. Essentially, the vein patterns reflect the 
process zone size in a glass and typically, the tougher BMGs exhibit vein patterns of 
the order of a few tens of micrometers (Fig. 2.13(a)), while the brittle BMGs 
apparently have nanometer-sized patterns (Fig. 2.13(b)) [95]. Different with the vein 
patterns in compression, a combined fracture feature of veins and some cores is 
observed on the tensile fracture surfaces [75, 76]. The different fracture patterns in 
compressive and tensile load are attributed to the effect of the normal stress on the 
fracture process. The radiating cores are produced by the normal tension stress in the 
initial stage of fracture, while the vein patterns in tension are mainly created by the 
shear stress during rapid shear propagation.  
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Figure 2.13 (a) Vein patterns in the compressed ductile Cu-based BMGs, (b) nanoscale 
fractographic feature in the compressed brittle Mg-based BMGs [95]. 
 
2.3.3 Homogeneous deformation 
At lower stress and higher temperatures, the metallic glasses can be deformed 
homogeneously, exhibiting considerable amount of inelastic deformation [70, 80, 96]. 
Especially in or near the supercooled liquid region, i.e. at temperatures between Tg and 
Tx, metallic glasses show the superplasticity and their homogeneous deformation may 
be thought of as the viscous flow of a supercooled fluid.  
 
Figure 2.14 Steady-state homogeneous flow data for a Zr41.2Ti13.8Cu12.5Ni10Be22.5 
BMG at elevated temperatures [70, 97]. 
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In a steady-state condition, homogeneous flow is regarded as a balance between 
structural disordering and ordering [70]. Such flow is strongly dependent on strain 
rates and temperatures and can be classified into Newtonian flow and Non-Newtonian 
flow. As shown in Fig. 2.14, the steady- state stress for a given temperature increases 
linearly with strain rate at lower strain rates. This kind of flow can be described as 
Newtonian flow. The steady-state shear strain rate ?̇? takes the form [70]: 
?̇? = 𝛼0𝜈0𝛾0
𝑘𝑇
𝑒𝑥𝑒 �− 𝑄
𝑘𝑇
� 𝜏    (𝜏 ≪ 𝑘𝑘/𝑉)                         (2.6) 
where 𝛼0 incorporates numerical factors as well as the fraction of material, 𝜈0 is 
essentially the frequency of the fundamental mode vibration along the reaction 
pathway and should be of the order of the Debye frequency for a sufficiently local 
process, 𝛾0 is the characteristic strain of an STZ and usually taken to be of order ~0.1, 
kT is the thermal energy, Q is characteristic activation energy for the process and 𝜏 is 
the applied shear stress. At a given temperature and higher strain rates, a non-linear 
effect is present in the stress-strain rate curves, which is indicated by a bending-over of 
these curves (Fig. 2.14). In this case, the flow is referred to be Non-Newtonian flow, 
i.e. strain rate is non-linear to stress. The steady-state shear strain rate ?̇? is written as: 
?̇? = 1
2
𝛼0𝜈0𝛾0𝑒𝑥𝑒 �−
𝑄−𝜏𝜈
𝑘𝑇
� 𝜏    (𝜏 ≫ 𝑘𝑘/𝑉)                    (2.7) 
On a deformation map of strain rate versus temperature, the deformation of 
metallic glasses can be divided into two major regions: one with inhomogeneous 
deformation and the other with homogeneous deformation [72, 73]. The former is 
characterized by linear elastic behavior followed by shear localization while the later 
feature either Newtonian or non-Newtonian flow [70, 80]. Based on the experimental 
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data, Lu et al. [97] have drawn the boundaries for Zr41.2Ti13.8Cu12.5Ni10Be22.5 BMG 
between the three distinct modes of deformation on the flow map (Fig. 2.15).  
 
 
Figure 2.15 Map showing deformation model as a function of strain rate and 
temperature. Two boundaries between three distinct modes of deformation are shown 
for a Zr41.2Ti13.8Cu12.5Ni10Be22.5 BMG: one for transition from homogeneous 
deformation to inhomogeneous deformation and the other for transition from 
Newtonian to non-Newtonian flow [97]. 
2.3.4 Methods for improving the plasticity of BMGs 
Ductility is the ability of a material to plastically deform without fracture and 
stresses. It is very important for many shaping and forming operations and also for 
avoiding catastrophic fracture in load bearing applications [96-98]. A literature survey 
indicates that the majority of BMGs have plastic strains to failure well below 2% [99-
101], even before yielding has a chance to fail, exhibiting or boarding “brittle” 
behavior. The limit macroscopic plastic deformability (“plastic instability”) is 
correlated with highly localized deformation process, such as shear banding where a 
high amount of plastic strain is accumulated in a very narrow region, exhibiting strain 
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softening or thermal softening [3, 76, 90]. To circumvent the limited ductility of BMG, 
different methods have been reported in the past decades. These methods (formation of 
BMG composites, extrinsic processing, elastic constants and sample geometry) for 
improving the plastic deformation will be discussed in this section. 
Formation of BMG composites  
BMG composites are the materials consisting of an amorphous matrix with one 
or more discontinuous crystalline phases. The two goals of making composites are to 
promote initiation of a large number of shear bands (to distribute the macroscopic 
plastic strain over as large volume as possible) and to inhibit shear band propagation 
(to reduce the shear strain on any one band and thus delay fracture) [70].  
 
Figure 2.16 Enhanced room-temperature tensile ductility of Zr-based BMG 
composites (DH1, DH2, DH3). Backscatterred SEM micrographs showing the 
microstructure of DH1 (a) and DH3 (b). (c) Engineering stress-strain curves from 
Vitreloy 1 and DH1, DH2, and DH3 in room-temperature tension tests [102]. 
 
Usually BMGs exhibit negligible plasticity (<0.5% strain) in tension. By forming 
BMG composites, however, Hoffmann et al. [102] have reported the Zr-based BMG 
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composites with room-temperature tensile ductility exceeding 10 % (Fig. 2.16). They 
have proposed the two basic principles for microstructural toughening and ductility 
enhancement in metallic glasses, which are also proved by other alloy systems (e.g. 
La-based BMG composites) [103]. The principles include the introduction of ‘soft’ 
elastic/plastic inhomogeneities in a metallic glass matrix and matching of 
microstructural length scales [102]. In addition, nanoscale heterogeneities in the BMGs 
have been considered to play an important role for the nucleation of shear bands, and 
thus enhance the plasticity in compression. Even work hardening-like behavior has 
been reported in some alloy systems with such structural and chemical heterogeneities, 
for instance, Cu- [90, 104], Zr- [105] and Pd-based [106] BMGs. 
 For Ti-based BMGs, several papers have reported that the introduction of β−Τi 
(Ta, Sn) phase [107], nanosized quasicrystals or crystals [104, 108] and b.c.c. dendritic 
phase [109] into the glassy matrix, contributes to the large plasticity in 
compression/tension. Some of these phases are obtained by annealing [108], which 
will be discussed in the following part. 
Extrinsic processing  
The aim to improve the ductility of BMG can also be achieved by the extrinsic 
processes, e.g. thermal treatment and mechanical pre-treatment. Through thermal 
treatment, a designed microstructure with inhomogeneities in the BMG matrix is 
possibly obtained by properly controlling the temperature and time. For example, 
annealing and semisolid processing are used to achieve the desired microstructural 
features and therefore obtain a variety of properties [8]. Similar to thermal treatment, 
mechanical pre-treatment of brittle BMGs can be also used to improve their room 
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temperature plasticity through the creating of heterogeneities with amorphous 
structure, for instance, by properly controlling shear bands formation and propagation. 
In the past decades, the methods such as shot-peening [110], pre-compression [111, 
112], imprinting [113] and cold rolling [113-118] have been used to enhance the 
plasticity of BMGs. The methods (annealing and cold rolling) will be discussed in the 
following since they have been investigated in this work to improve the plasticity of 
Ni-free Ti-based BMGs (Ti-Zr-Cu-Pd-Sn BMG). 
Although the embrittlement of BMGs has been also reported in a large number of 
alloy systems upon annealing [119-121], some investigations have shown the 
enhancement of plasticity upon annealing [108, 120, 122-124]. For instance, on 
annealing of Ti–Zr–Cu–Ni–Be BMGs (Fig. 2.17), nanometer-scale quasicrystals 
precipitate in the amorphous matrix and thus improve the plasticity of the BMGs [108]  
 
Figure 2.17 (a) Compressive stress–strain curves at room temperature for the as-cast 
amorphous and partially crystallized Ti40Zr29Cu8Ni7Be16 alloy rods; (b) High resolution 
TEM image of quasicrystal/amorphous interface in this partially quasicrystallized 
alloy[108].  
 
Concerning different mechanical behavior, arguments have been addressed to 
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explain the deformation of BMGs upon annealing. In partially crystallized BMG 
composites, the increase in strength and decrease in ductility are attributed to the 
hardness and brittleness of crystals [122, 125]. Upon loading they would not deform 
and act as obstacles preventing shear bands to move. However, when the crystals are in 
the nanometer range, their intrinsically high interface-to-volume ratio (e.g. spherical 
crystals) may probably contribute to the enhanced ductility of BMGs [122]. In 
addition, the volume and distribution of nanocrystals could also influence the 
mechanical behavior of BMGs. The nature of the crystalline phase (e.g. morphology, 
volume fraction) produced in BMGs significantly influences the shear band 
propagation and thus result in different mechanical behavior of BMGs.  
 
Figure 2.18 (a) Compressive 
stress–strain plots of as-cast 
and differently cold rolled Zr-
based BMGs. (b) Outer look 
of as-cast and 30%-rolled Zr-
based BMGs. (c) SEM image 
showing the evolution of 
dense and homogeneously 
spaced primary and 
secondary shear bands and 
(d) shear fracture of Zr44-
R30 specimen after 
compression test [117].  
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As a conventional mechanical process, cold rolling is nowadays used to 
overcome the intrinsic brittleness of the BMGs by modifying their physical properties, 
which enables easy nucleation and branching of multiple shear bands upon 
unconstrained loading during the compression test [117]. Significant progress has been 
made in recent years to improve the compressive plasticity of BMGs by cold rolling in 
Zr- [115-118] and Ti-based BMGs [114]. The enhanced plastic strain is due to the high 
density of shear bands together with crystallization [118] or heterogeneities [117] 
induced by stress. As shown in Fig. 2.18 , Lee et al. [117] have recently reported that 
the intrinsic plasticity of Zr44Ti11Cu9.8Ni10.2Be25 (Zr44) and Zr55Ti5Al10Cu20Ni10 (Zr55) 
BMGs are improved from 0.5% up to 15% plastic strain by introducing microstructural 
inhomogeneities upon cold rolling at room temperature. Moreover, after rolling the Zr-
based BMGs the yielding and fracture strengths are not reduced but are even increased 
[117] (Fig. 2.18). The thickness reduction and many primary and secondary shear 
bands can be also observed in the rolled Zr-based BMGs (Zr44). 
Not only in compression but also in tension, cold rolling has been investigated to 
enhance the plasticity of Zr- [126-128] and Cu-based BMGs [113]. Scudino et al. [127] 
have reported that by cold-rolling Zr52.5Ti5Cu18Ni14.5Al10 BMG, the compressive 
plastic strain increases from 1.1% for the as-cast material to 2.6% for the cold-rolled 
sample and the tensile ductility increases from 0% for the as-cast glass to 0.8% for the 
cold-rolled sample. The reason is that cold rolling creates a heterogeneous 
microstructure consisting of hard and soft regions, which most likely limits shear 
bands from propagating catastrophically. Similarly, significant tensile plasticity (up to 
0.7±0.1%) together with the work-hardening and larger fracture strength can be 
obtained in Cu47.5Zr47.5Al5 BMG with only 2.9-0.3% thickness reduction [113]. The 
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good deformability is attributed to the multiple pre-existing shear bands and structural 
inhomogeneity induced by cold rolling.  
Elastic constants 
Amorphous materials are usually assumed to be elastically isotropic [70]. 
Isotropic materials have two elastic constants, commonly taken to be Young’s modulus 
(E) and Poisson’s ratio (ν). Another two constants, the bulk modulus (B) and shear 
modulus (µ), seem to be more useful from a fundamental point of view since they 
represent the response to hydrostatic and shear stresses, respectively [70]. The 
brittleness or ductility of a solid is associated with the competition between the normal 
stresses driving deformation and the shear stresses driving slip [26]. Consequently, the 
ductility correlates with elastic deformability and the ratio between elastic shear 
modulus µ and bulk modulus B [26]. For metallic glasses, Lewandowski and his co-
workers have found that the deformation behavior of BMGs is indeed correlated with 
its elastic constants by reviewing the ductility of 12 metallic glasses from 8 alloy 
systems [129]. As shown in Fig. 2.19, the BMGs with the µ/B ratio below 0.41 are 
tough while those with the µ/B ratio above 0.43 are brittle. This critical value also 
applies for annealing-induced embrittlement of metallic glasses and ductility evolution 
caused by composition changes [26, 129, 130]. Since there is a relation between the 
µ/B ratio and the Poisson ratio ν, i.e., µ/B = 3(1-2ν)/2(1+ν), the ductile BMGs can also 
be indicated by a large Poisson ratio ν. For instance, the Pt-based BMGs with a 
particularly large ν of 0.42 exhibit large plastic strains in compression [91].  
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Figure 2.19 The correlation of fracture energy G with elastic modulus ratio µ/B for all 
the as-cast metallic glasses for which relevant data are available [129]. 
It was found that the elastic constants of available BMGs show a rough 
correlation with a weighted average of the elastic constants for the constituent elements 
[131]. Therefore, it seems possible to design a plastic metallic glass composition with 
the appropriate elastic constants. According to this guideline some BMGs with 
enhanced plasticity have been developed. For instance, superplasticity is achieved at 
room temperature in ZrCuNiAl synthesized through the appropriate choice of its 
composition by controlling elastic moduli [132].  
 
Sample geometry  
It has been reported that the plastic deformation of metallic glasses strongly 
depends on the sample geometry [133, 134]. For the same chemical composition, the 
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BMG rods with smaller diameter exhibit the larger plasticity (Fig. 2.20) [133]. In other 
words, metallic glasses have a trend of “smaller is softer”. Besides the diameter, aspect 
ratios (height to diameter) of the rods significantly influence the plastic deformation of 
metallic glasses [134]. For instance, under compressive loading, samples with small 
aspect ratios (< 1.5:1) can deform in an elastic-perfectly plastic manner, while those 
with aspect ratios exceed 1.5:1 show little plastic deformation. At room temperature, 
plastic deformation is believed to be accommodated through the generation of multiple 
shear bands in metallic glasses. Besides the sample geometry, the testing machine may 
influence shear bands formation, organization and spacing and thereby further lead to 
different plasticity of BMGs [135]. 
 
 
Figure 2.20 Compressive stress-strain curves obtained for the as-cast Ti-based BMG 
rods with different diameters. The inset shows the XRD patterns for these samples 
[133]. 
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2.4 Critical review about Ti-based metallic glasses 
2.4.1 Glass formation and mechanical properties 
Along with the stainless steel and Co-Cr alloys, titanium and its crystalline alloys 
(e.g. Ti-6Al-4V, Ti-6Al-7Nb, Ti-5Al-2.5Fe) nowadays constitute the most favored 
implant materials in the biomedical field due to excellent reputation for corrosion 
resistance and biocompatibility [136-139]. Especially pure Ti and Ti-6Al-4V are most 
commercially used. However, there are still two major problems for these Titanium 
implant biomaterials. One is the mismatch of the Young’s modulus (E) values between 
the bone (E=10-30 GPa) and the implant (E= 110-120 GPa for commercially pure (cp) 
Ti and Ti-6Al-4V alloys), resulting in the stress-shielding effects that cause tissue loss 
and implant fail [137, 140]. The other is the release of toxic metallic ions and/or 
particles through corrosion and wear processes that lead to inflammatory cascades 
which reduce biocompatibility. For instance, Ti-6Al-4V still has unresolved problems 
of safety from potentially toxic elements (e.g. Al, V) in human body [139]. Therefore, 
intensive research efforts are dedicated to the development of new implant materials.  
Recently glassy type structural alloys can be regarded as new biomaterials 
because of attractive properties such as high strength, low Young’s modulus, good 
corrosion resistance and excellent (micro)formability, which can not be obtained for 
crystalline alloys [2, 141-143]. Among different bulk metallic glasses Ti-based metallic 
glasses are expected to be applied as biomedical materials due to good bioactivity of Ti 
element [144-147].  
The first Ti-based metallic glasses were reported with two elements (Ti and Be) 
in the composition as early as 1977 [148]. Ti-based bulk metallic glasses were first 
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discovered in the Ti-Zr-Ni-Be system by Peker and Johnson in 1994 [149]. Up to date 
Ti-based BMGs have been developed in several alloy systems such as Ti-Ni-Cu-Sn-Zr 
[20], Ti-Cu-Ni-Sn-Be [150] and Ti-Zr-Cu-Ni-Be [151] and can be generally classified 
into two classes: Be-free and Be-containing alloys. Most Ti-based BMGs reported so 
far contain a low Ti concentration (≤ 50 at.%) and therefore do not fully exploit the 
benefits of the element Ti [151, 152]. On the other hand the glass forming ability of 
titanium alloys is regarded to be poor compared to other easy glass forming alloys, for 
instance, Pd-based and Zr-based BMGs. (see Table 2.1 in subsection 2.1.3). 
 
 
Figure 2.21 Engineering stress-strain curves of the as-cast Ti45Cu40Ni7.5Zr5Sn2.5 and 
Cu47.5Zr47.5Al5 BMGs. The inset shows true stress-strain curves [104].  
 
Regarding the mechanical properties, Ti-based BMGs show high maximum 
strength of ~2000 MPa and Young’s modulus of ~100 GPa. They usually exhibit 
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limited compressive plasticity at room temperature compared to ductile Pt-based 
BMGs [91] and superplastic Zr-based BMGs [132]. Nevertheless, some Ti-based 
BMGs [104, 153, 154] still exhibit a large plastic strain more than 10% in 
compression. For instance, the Ti45Cu40Ni7.5Zr5Sn2.5 BMG [104] shows the plastic 
strain up to 14.8% together with work hardening ability due to the chemical 
heterogeneity upon solidification (Fig. 2.21). Recently, Ti-based BMG composites with 
soft crystalline phases (b.c.c. dendrite) have been reported to display room-temperature 
tensile ductility exceeding 10 % [109, 155].  
Considering the potential for the biomedical application, the knowledge about 
toxic/nontoxic elements is required for the design of Ti-based BMG compositions. The 
alloying elements to Ti-based BMGs should not only improve the GFA of alloys but 
also be biocompatible to avoid any toxic element that could be harmful for human 
body. Table 2.2 [139] outlines 27 elements for Ti in terms of glass forming tendency 
and biological safety. The elements such as B, Mg and Si are biocompatible and the 
elements Be, Ni, Al, V and so on are regarded to be toxic. Regarding the GFA, the 
elements that have negative ∆Hmix (Ti-A) and |rA−rTi|/rTi >12% are Bi, Si, P, In, Be, Fe, 
Co, Ni and Cu and therefore they are considered to be good glass-formers according to 
Inoue’s empirical rules. However, Ni, for instance, is a high risk element from the 
viewpoint of allergic problems [140]. If one takes a look at other biomaterials, 
nowadays Ni-free austenitic stainless steel and Co-Cr alloys are required [156]. 
Therefore the first step to design Ti-based BMGs is to remove Ni in the composition. 
This type of Ni-free Ti-based BMGs has been recently developed by Inoue’s group, 
which will be discussed in details (subsection 2.4.2). 
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Table 2.2 Glass-formation parameters for different alloying elements in titanium: heat of 
mixing (ΔHmix(Ti-A)), atomic radius (rA), calculated atomic ratio (rA/rTi) and the atomic radius 
mismatch (|rA−rTi|/rTi), effect on the Ti allotropic transformation and biological safety [139]. 
Element Atomic number ∆Hmix (Ti-A) 
(kJ/mol) 
rA 
(nm) 
rA/rTi |rA –rTi|/rTi Effect of alloying to Ti 
Biocompatible elements 
Ti 22  0.1461 1.000 0.000  
B  5 -58 0.0820 0.561 0.439 essentially insoluble in Ti 
Mg 12 +16 0.1601 1.096 0.095 β-eutectoid  
Si 14 -66 0.1153 0.789 0.211 β-eutectoid  
P 15 -100.5 0.1060 0.726 0.275 essentially insoluble in Ti 
Ca 20 43 0.1980 1.355 0.353 essentially insoluble in Ti 
Sr 38 53 0.2150 1.472 0.474 essentially insoluble in Ti 
Zr 40 0 0.1602 1.097 0.096 neutral 
Nb 41 +2 0.1429 0.978 0.022 β- isomorphous 
Mo 42 -4 0.1362 0.932 0.067 β- isomorphous 
Pd 46 -65 0.1375 0.941 0.059 β-eutectoid 
In 49 -5 0.1659 1.136 0.135 β-eutectoid 
Sn 50 -21 0.1620 1.109 0.081 neutral 
Ta 73 +1 0.1430 0.979 0.021 β- isomorphous 
Pt 78 -74 0.1387 0.949 0.051 β-eutectoid 
Au  79 -47 0.1442 0.987 0.013 β-eutectoid 
Harmful elements  
Be 4 -30 0.1128 0.772 0.228 β-eutectoid 
Al 13 -30  0.1432 0.980 0.021 α-stabilizer 
V 23 -2 0.1316 0.901 0.099 β- isomorphous 
Cr 24 -7 0.1249 0.855 0.145 β-eutectoid 
Mn 25 -8 0.1350 0.924 0.076 β-eutectoid 
Fe  26 -17 0.1241 0.849 0.151 β-eutectoid 
Co 27 -28 0.1251 0.856 0.144 β-eutectoid 
Ni 28 -36  0.1245 0.852 0.148 β-eutectoid 
Cu  29 -9  0.1278 0.875 0.126 β-eutectoid 
Zn 30 -15 0.1395 0.955 0.045 β-eutectoid 
Ag 47 -2 0.1445 0.989 0.011 β-eutectoid 
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2.4.2 Ni-free Ti-based metallic glasses: properties and 
applications 
By removing the toxic element Ni, Ni-free Ti-based metallic glasses that were 
first reported by Inoue’s group in 2007 [22-24, 146, 147, 157-162] have been 
developed for biomedical applications. After that, a number of compositions have been 
explored for the potential in biomedical application. Table 2.3 outlines the thermal and 
mechanical properties of the selected Ni-free Ti-based metallic glasses which are 
divided into two groups. The alloys in Group I do not contain Ni and / or Be element 
and they can be produced in the bulk glassy form, e.g. Ti-Zr-Cu-Pd BMGs [158, 161]. 
These alloys show glass transition temperature (Tg) of 669-691 K, high fracture 
strength (σf) are around 2000 MPa and low young’s modulus (E) of 73-99 GPa.  
In order to develop more biocompatible Ti-based glassy alloys, Cu should be 
removed to avoid any adverse reaction with the body [139]. Since the compositions 
should contain only biocompatible elements, group II is not only free of the elements 
(Ni, Be) but also excludes Cu in their compositions. These alloys have been reported in 
the alloy systems such as Ti-Zr-Ta-Si [22], Ti-Zr-Pd-Si [142] and Ti-Zr-Fe-Si [163], 
which may have potential for orthopedic bone fixation due to good bend ductility, 
higher Vicker’s hardness, lower Young’s modulus and higher corrosion resistance. 
Especially, the Ti45Zr10Pd40Si5 BMG [142] exhibits the young’s modulus as low as 73 
GPa. In addition, the metallic glasses could be produced in Ti-Si, Ti-Zr-Si, Ti-Nb-Si 
and Ti-Pd systems [12, 142, 164-167]. However, such new biocompatible glassy alloys 
are only able to be prepared in the form of ribbon due to the absence of Cu that is an 
important element to improve the glass forming ability of the alloys.  
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Table 2.3 Thermal and mechanical properties of the selected Ni-free Ti-based metallic glasses [22, 139, 142, 146, 157, 158, 163, 168-
170]. Dmax: the maximum diameter to get amorphous structure; Tg: glass transition temperature, Tx: onset crystallization temperature; 
∆T=Tx-Tg; Tm: melting temperature; Tl: liquidus temperature; Trg = Tg/Tl; σf: fracture strength; E: Young’s modulus; εf: fracture strain. 
 
Group Composition (at.%) 
Dmax 
(mm) 
Tg 
(K) 
Tx  
(K) 
∆T  
(K) 
Tm  
(K) 
Tl  
(K) 
Trg 
σf  
(MPa) 
E 
(GPa) 
εf  
(%) 
Ref. 
I 
(without Ni, Be) 
Ti40Zr10Cu36Pd14 6 669 718 50 1114 1191 0.562 1950 82 2.8 [157] 
Ti40Zr10Cu34Pd14Sn2 10 689 739 50 1126 1187 0.580 2050 - 3.5 [156] 
Ti45Zr10Pd10Cu31Sn4 4 681 737 56 1126 1211 0.56 1970 95  [146] 
(Ti40Zr10Cu36Pd14)97Nb3 <2 - - - - - - 2050 80 8.5 [167] 
(Ti40Zr10Cu36Pd14)98Si2 4 691 759 68 1116 1242 0.556 - - - [168] 
Ti44.1Zr9.8Pd9.8Cu30.38Sn3.92Nb2 5 688 750 62 1124 - 0.61 1990 99 2.1 [169] 
II 
(with no harmful 
 alloying additions) 
Ti60Zr10Ta15Si15 ribbon - - - - - - - 88 - [22] 
Ti45Zr10Pd40Si5 ribbon 797 833 36 - - - - 73 - [142] 
Ti64Zr5Fe6Si17Mo6Nb2 ribbon - - - - - - - - - [162] 
Ti60Nb15Zr10Si15 ribbon  760        [139] 
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Here we will review group I of Ni-free Ti-based metallic glasses in detail, mainly 
Ti-Zr-Cu-Pd BMGs, which have been investigated in this work. The idea to develop 
Ti-Zr-Cu-Pd BMGs is possibly originated from the composition of Ti-Zr-Cu-Ni alloys 
which was first synthesized in 1995 in the form of amorphous strips (4 mm thick) by 
the method of metal mold casting [16]. Since 2007 Inoue’s group has replaced Ni with 
Pd in the composition and successfully obtained the bulk glassy Ti-Zr-Cu-Pd-M (M = 
Sn, Si, Nb, Ta, Ca) alloys by copper mold casting [25, 146, 147, 157, 160, 168, 171, 
172]. This is a significant step in the development of Ni-free Ti-based metallic glasses. 
 
 
Figure 2.22 (a) Outer surfaces of as-cast Ti40Zr10Cu36Pd14and Ti40Zr10Cu38Pd12 BMGs 
[157] and (b) the artificial finger joint prototype made of Ti40Zr10Cu36Pd14 BMGs 
(photo from the institute of Materials Research of Tohoku University [173]).  
 
In this alloy family, it has been reported that Ti40Zr10Cu34Pd14Sn2 and 
Ti40Zr10Cu34Pd12Sn4 alloys can be casted into 10 mm rods with full glassy structure, 
which exhibits the largest GFA among all the Ni-free Ti-based BMGs [157]. Fig. 2.22 
(a) shows the outer surface of Ti40Zr10Cu34Pd14Sn2 and Ti40Zr10Cu34Pd12Sn4 BMG rods 
with 10 mm diameter. It has also been reported that the artificial finger joint prototype 
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can be made of Ti40Zr10Cu36Pd14 BMGs by Japanese Universities [173] (Fig. 2.22 (b)). 
With regard to the mechanical properties, the most ductile Ni-free BMG so far is a 
(Ti40Zr10Cu36Pd14)97Nb3 BMG containing nano-particles since it displays the distinct 
plastic strain of 8.5% (Fig. 2.23). A Ti40Zr10Cu34Pd14Sn2 BMG shows the largest 
plasticity among all the monolithic Ni-free Ti-based BMGs.  
 
 
Figure 2.23 Compressive strain–stress curves of (Ti40Zr10Cu36Pd14)100-xNbx as-cast 
rods with a diameter of 2 mm [168].  
 
Very recently, for the first time, the possibility of adapting BMGs for biomedical 
applications by fabricating a titanate nanomesh layer on the Ti-based BMG has been 
proposed [171]. The layers were fabricated on a ribbon-shaped titanium-based BMG 
(Ti39.6Zr9.9Cu35.6Pd13.9Ca1) using the hydrothermal–electrochemical technique [171]. 
An immersion test in simulated body fluid for 12 days reveals that the nanomesh layer 
on the BMG can promote the growth of bone-like hydroxyapatite (Fig. 2.24). This 
study will open up new medical applications for Ni-free Ti-based BMGs. 
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Figure 2.24 SEM images of deposited bone-like hydroxyapatite on the titanate 
nanomesh layer after immersion in the SBF for different durations (days) [171].
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3 Experimental details and measurements 
3.1 Sample preparation 
3.1.1 Master alloys preparation 
Two alloy classes are investigated in this work, i.e. Ti40Zr10Cu34Pd14Sn2 and 
Ti40Zr10Cu36-xPd14Inx (x = 0, 2, 4, 6, 8) (all the compositions in at. %). The ingots of 
master alloys with mass of 50 g were prepared by arc melting. The elemental pieces 
with a purity of 99.99% or higher were first cleaned mechanically using 1000 grit 
grinding paper and then the appropriate amounts were weighed by a Mettler Toledo 
AT200 (Mettler Toledo GmbH). All the elements were mixed and melted in arc melter 
(Edmund Buehler GmbH; device no.:241408) under a Ti-gettered argon atmosphere to 
obtain the ingots with the desired composition (inset of Fig.3.1). Each ingot was 
remelted at least 3 times to ensure the chemical homogeneity. From this ingot, the 
cylindrical rod was fabricated by cupper mold casting (Fig. 3.1). 
 
 
Figure 3.1 Photograph of a master alloy (inset) and a bulk glassy rod (Φ 2mm). 
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3.1.2 Bulk glassy alloys preparation 
The ingot of master alloy was cut into small pieces with the weight of around 1-3 
g by abrasive cutter (Buehler, Abrasiment 2). Subsequently, the pieces were cleaned by 
1000 grit grinding paper. These pieces were remelted in an arc melter of IFW Dresden 
(the Buehler 2414 equipment, Fig. 3.2), where Cu-mold suction casting facility was 
attached, to produce the rods with diameters of 2, 3 and 4 mm and a length of ~ 75 mm 
(Fig. 3.1).  
 
Figure 3.2 Schematic illustration of the arc melter with an in-situ suction facility from 
IFW Dresden [61].  
Prior to casting the recipient was evacuated to a pressure of 2×10-5 mba. The 
melting current is an important factor to control the internal state of glass structure. 
Therefore, for all the compositions the current was tuned in the way. it was increased 
within about 5 s from level 2 to level 7 and then kept at level 7 for about 15-20 s for 
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melting the master alloys totally. The rod obtained from this device will be used for the 
structural and mechanical studies. 
3.2 Chemical analysis 
Chemical analysis is critical to ensure the homogeneous structure of BMGs. 
Before structural and mechanical investigations, the alloys have been checked to see if 
the desired compositions are achieved. Chemical analysis is performed at cylindrical 
rods to investigate the exact composition of the metallic glass. The chemical 
compositions of all the alloys were evaluated by inductively coupled plasma optical 
emission spectrometry (ICP-OES) using an Iris Intrepid II XUV (Thermo Fisher 
Scientific GmbH). In this case, the as-cast alloys were dissolved to make solutions with 
the concentration of 0.01-1 µg/L. The analyte solution was sprayed as an aerosol into an 
argon plasma. At the temperature of 6500 K the elements were atomized and/or ionized. 
The temperature is high enough to excite atoms and ions electronically so that they emit 
light. The resulting spectrum consisting of many emission lines is split up by an Echelle 
optics. The intensity of the emission lines is proportional to the concentration of the 
analyte. By comparing the standard spectrum of pure elements, the precise composition 
of alloys was obtained. The accuracy is around 0.2-1% relative standard deviation.  
3.3 Structure characterization 
3.3.1 X-ray diffraction/in-situ experiments 
The structure of alloys was investigated by X-ray diffraction in both reflection and 
transformation models. The phase formation of the as-cast or processed (annealing, cold 
rolling) alloys was characterized in an X-ray diffractometer (PANalytical X’Pert, Co 
radiation, reflection geometry). Some of the samples were checked by X-rays 
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diffraction using a Bruker microdiffractometer (Cu Kα radiation), which is indicated in 
Chapter 6. The samples were manually ground up to 2000 grit grinding paper.  
Diffraction spectra, obtained in transmission with a high-intensity high-energy 
monochromatic beam, were used to continuously follow the evolution of the glassy 
alloys during heating from the glassy state across Tg to the superheated liquid state. The 
structural evolution of the Ti40Zr10Cu34Pd14Sn2 BMG upon heating was investigated by 
time-resolved in situ XRD performed at the ID 11 beam line at the European 
Synchrotron Radiation Facilities (ESRF, Grenoble, France) using a high-intensity, high-
energy monochromatic beam of around 70 kev with a wavelength of 0.017615 nm. The 
BMG was cut into rod-like shape with the length of 5 mm and then sealed into fused 
silica tubes under a vacuum of 10-3 Pa. The samples were induction heated inductively 
from 298 K (room temperature) to 928 K at a rate of 20 K/min. The diffracted intensity 
was recorded by a 2-dimensional CCD camera. The X-ray analysis was carried out in 
the wave-vector range, Q from 0 to 72 nm-1. During the continuous heating, the 
structural information was recorded as two-dimensional (2D) diffraction patterns at 
temperature intervals of around 7 K. The elastic scattering intensity I(Q) is measured as 
a function of the scattering vector (or wave vector) Q:  
𝑄 = 4𝜋 sin𝜃
𝜆
                                              (3.1) 
where θ  is the diffraction angle and λ is the wavelength so that the diffraction patterns 
are respect to the wavelength.  
3.3.2 Optical microscopy 
Optical microscopy was performed with a Zeiss Axiophot microscope (Carl Zeiss 
AG) equipped with a Nikon Digital Camera DXM1200. The samples were ground up to 
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4000 grit grinding papers and subsequently polished. The samples were lightly etched in 
the acid solution (50 ml distilled water, 3 ml HNO3, 1.5 ml HF) for observations. 
3.3.3 Electron microscopy (SEM / TEM) 
Two different scanning electron microscopes (SEMs) were used to investigate the 
structure of as-cast rods (Φ4 mm) and the fracture morphology of deformed samples. 
That is, a Zeiss Gemini 1530 (Carl Zeiss AG) and a Hitachi TM1000, The former has an 
energy-dispersive X-ray device (Bruker AXS) and an electron backscatter diffraction 
(EBSD) device (Oxford) attached to it. 
Transmission electron microscopy (TEM) was carried out using a TEM TECNAI 
T20 (LaB6- filament/ 200kV). Structural analysis has been performed by bright field 
and dark field imaging, selected area electron diffraction (SAED) and nanobeam 
diffraction (ND) with a spot size of ~10 nm. The samples for TEM investigation were 
prepared by a special thin ground technique with following Ar ion etching under 
cooling. 
3.4 Thermal analysis 
Differential scanning calorimetry (DSC) is the method commonly used to obtain 
the information of “critical temperatures” and heat of crystallization on phase changes 
occurring in metallic glasses as a function of temperature and heating rate (U. Köster 
and U. Herold, in Glassy Metals I, edited by Hans-Joachim Güntherodt and Hans Beck 
(Springer Berlin Heidelberg, 1981), Vol. 46, pp. 225.). In this work two different DSC 
devices (Perkin-Elmer DSC7 and Netzsch DSC 404 C) were employed to analyze the 
thermal stability and devitrification behavior of alloys. Both devices operate under a 
protective Ar atmosphere. The mass of each sample used for the calorimetric analysis 
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was 15 to 25 mg. To ensure good contact with the crucible, the samples were ground to 
be flat using 1000 grit grinding paper.  
The low-temperature DSC scans were carried out by a Perkin-Elmer DSC7 
(Shelton, CT) at different heating rates (5-150 K/min). Al2O3 crucibles were used in 
order to access temperatures up to 973 K. Isochronal DSC scan is to determine the 
starting relaxation temperature (Tr), glass transition temperature (Tg) and the onset 
temperature of the first crystallization (Tx), and crystallization enthalpies (∆Hx). The 
structural change / phase transformation during heating of glassy alloys has also been 
investigated. To determine the melting temperature (Tm) and liqudius temperature (Tl), a 
Netzsch DSC 404 C was used to obtain the high-temperature (up to 1473 K) DSC scans 
with a heating rate of 20 K/min. The liquidus temperature (Tl) was determined as the 
end of the last endothermic event in the DSC scan upon the first heating curve. The 
critical temperatures (Tr, Tg, Tx, Tm, Tl) were determined by the intersection of the 
tangents. In the following chapters these critical temperatures are indicated in Figures 
(e.g. Fig. 5.6).  
3.5 Ultrasound velocity measurements 
The elastic properties of glassy rods were determined using an Olympus 
Panametrics-NDT 5900PR ultrasonic testing device. The densities for the samples were 
obtained by the Archimedean method utilizing a Mettler Toledo UMT2 microbalance 
with a sensitivity of 0.1 µg. The longitudinal wave had a frequency of 100 MHz and the 
shear wave was at a frequency of 20 MHz. In order to couple between the transducer 
and the specimen, propylene glycol was used for the longitudinal wave transducer and 
honey was used for the shear wave transducer as couplant. The time-to-flight and 
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velocity were measured from longitudinal (tL, VL) and shear (ts, VS) wave pulse-echo. 
Poisson’s ratio (ν), Young’s modulus (E), shear modulus (G) and bulk modulus (K) have 
been calculated in the following: 
𝜈 = 1−2(𝑡𝐿 𝑡𝑆)⁄
2
2−2(𝑡𝐿 𝑡𝑆)⁄
2                                                (3.2) 
𝐸 = 𝑉𝐿
2𝜌(1+𝜈)(1−2𝜈)
1−𝜈
                                            (3.3) 
𝐺 = 𝐸
2(1+𝜐)
                                                    (3.4) 
𝐾 = 𝐸
3(1−2𝜐)
                                                   (3.5) 
At least 100 independent measurements were performed and the result was averaged to 
obtain elastic constants of alloys (E, G, K, ν).  
3.6 Mechanical testing at room and elevated 
temperature 
The deformation behavior of Ni-free Ti-based alloys has been investigated by 
compression tests at room and elevated temperatures. The rods for all the compression 
tests (room/elevated temperature) were cut to an aspect ratio (height /diameter) of 
approximately 2. The samples were carefully ground to exhibit parallel surfaces, which 
are furthermore perpendicular to compression devices.  
The room-temperature compression tests were performed on both Instron 8562 
and Instron 5869 testing machines. For as-cast and annealed Ti40Zr10Cu34Pd14Sn2 
samples with 2 mm diameter, the compression tests were done on Instron 8562 at a 
constant speed of 10-3 mm s-1. The compression of the samples was calculated taking 
into account the compliance of the testing machine. All the other samples, i.e. as-cast 
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Ti40Zr10Cu34Pd14Sn2 amorphous samples with different diameters (Φ2, Φ3, Φ4 mm), 
Ti40Zr10Cu34Pd14Sn2 crystalline samples (Φ2 mm), cold rolled Ti40Zr10Cu34Pd14Sn2 
samples and Ti40Zr10Cu36-xPd14Inx (x = 0, 2, 4, 6 and 8) alloys, were carried out on 
Instron 5869. The strain was measured directly at the sample by means of a laser-
extensometer (Fiedler Optoelektronik GmbH).  
The compression tests of Ti40Zr10Cu34Pd14Sn2 BMGs at elevated temperature were 
carried out with an INSTRON 8562 equipped with a high-temperature furnace designed 
and built in IFW Dresden (Fig. 3.3). Inside the furnace (Fig. 3.4) the sample is placed 
between two Al2O3 compression stamps. The temperature at and near the sample is 
controlled by two thermocouples. Experiments can be made in vacuum or an argon 
atmosphere. During the compression test the distance between both stamps, i.e. the 
height of the sample, is measured by a laser extensometer (Fiedler Optoelectronic 
GmbH). Based on this information tests were done in true compression control.  
 
 
Figure 3.3 The overview of an Instron 8562 for the compression tests at elevated 
temperatures at IFW Dresden. 
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Figure 3.4 Interior of the high temperature furnace for Instron 8562. 
 
To investigate the mechanical properties of Ti40Zr10Cu34Pd14Sn2 rods (Φ2 mm) at 
the temperature range below Tg and Tg~Tx, the test temperatures are selected according 
to the low-temperature DSC results. DSC study at a heating rate of 20 K/min revealed 
that the glass transition temperature (Tg) and the crystallization temperature (Tx) are 685 
and 735 K, respectively. The testing temperatures are 604, 638, 671, 686, 701 and 716 
K. The BMG specimens were heated to the desired temperatures at a heating rate of 20 
K/min and hold for 7~15 min in an argon atmosphere, separately. Before each 
compression test starts, the total time for the sample to be in the furnace is 30 min. After 
that, the compression tests were performed at a constant temperature and constant true 
compression rate. The strain rates for true compression are selected to be 2.5×10-3, 
7.9×10-4, 2.5×10-4, 7.9×10-4, 2.5×10-3 s-1.  
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4 Overview of experimental work and motivation 
of alloy selection  
4.1 Overview of experimental work 
 
Figure 4.1 The overview of experimental work. 
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Two alloy classes, i.e. Ti40Zr10Cu34Pd14Sn2 and Ti40Zr10Cu36-xPd14Inx (x = 0, 2, 4, 
6, 8), have been systematically investigated in terms of glass forming ability, phase 
formation and mechanical properties. Fig. 4.1 summarizes all the experimental work 
carried out in this thesis, for instance, chemical analysis, structural analysis, thermal 
analysis and mechanical tests at room temperature. 
4.2 Selection of alloy compositions 
As a member of Ni-free Ti-based BMGs family (see subsection 2.4.2), a 
Ti40Zr10Cu34Pd14Sn2 BMG has been reported by Inoue’s group [25].due to the best 
glass-forming ability (up to 10 mm-diameter) and the largest global strain of 3.5%. To 
my knowledge, this is the most ductile BMG among all the Ni-free monolithic Ti-based 
BMGs reported in the literature. Considering the biological safety, Ti, Zr, Pd and Sn are 
nontoxic elements (see Fig. 4.2(a)) except Cu (Fig. 4.2(b)). Up to date Ti-Zr-Cu-Pd 
alloy system is indeed the only one that is able to be fabricated in a bulk form. However, 
it is difficult to remove Cu from the compositions since Cu is an important element to 
facilitate the glass forming ability. On the other hand, the minor alloying element Sn has 
low cost for fabrication of the alloys and is helpful for improving GFA of the alloys 
[131]. Additionally, a low melting point of 505 K (see Table 4.1) may help to reduce the 
melting temperature of the alloys compared to the other Ni-free alloys like Ti-Zr-Cu-Pd-
Nb BMGs [168]. Therefore, in this work we selected the composition of 
Ti40Zr10Cu34Pd14Sn2 as the starting point for the systematic investigation of Ni-free Ti-
based BMGs.  
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Figure 4.2. Biological safety of metals (a): cytotoxicity of pure metals, and (b): 
relationship between polarization resistance and biocompatibility of pure metals, Co–Cr 
alloy and stainless steels [174]. 
 
In order to develop novel alloys with less contents of Cu element (considering 
harmful element for the human body), biocompatible element indium (see Fig. 4.2(a)) is 
added to fabricate the Ti40Zr10Cu36-xPd14Inx (x = 0, 2, 4, 6, 8) BMGs by substituting Cu. 
As an alloying element, indium has been used for the development of titanium β alloys 
[175]. However, investigations on indium additions to BMGs have been rarely found so 
far. Since the elastic properties of the constituent elements are generally taken into 
account for the design of ductile metallic glasses [132] (see subsection 2.3.4), we 
selected indium for the substitution of toxic copper atoms due to its lower Young’s 
modulus of 10.6 GPa (see Table 4.1) and larger Poisson’s ratio of 0.45 [176]. Compared 
with Cu, In also has relatively large atomic radius of 167 pm and electronic structure, 
due to which mainly s and p orbitals contribute to the metallic bonding. Therefore, we 
attempted to develop new Ti40Zr10Cu36-xPd14Inx (x = 0, 2, 4, 6, 8) BMGS for the 
potential in biomedical application. 
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Table 4.1 Values of the heating of mixing ∆Hmix(Ti-x) [13], atomic radius R [176], the 
ratio of the atomic size difference between alloying element and Ti (Rx-RTi)/RTi, 
molecular d-orbital energy values Md [23], Bonding order Bo [23], Young’s modulus E 
and the melting temperature Tm [176] in the investigated Ti-Zr-Cu-Pd-Sn/In alloys. 
 
Element 
∆Hmix(Ti-x) 
(kJ/mol) 
R (nm) (Rx-RTi)/RTi Md Bo 
E 
(GPa) 
Tm (K) 
Ti 0 0.14615 0 2.790 2.447 102 1660 
Zr 0 0.16025 0.096 3.086 2.934 68 1083 
Cu -9 0.12780 0.126 2.114 0.567 128 1358 
Pd -65 0.13754 0.059 2.208 0.347 121 1828 
Sn -21 0.16200 0.108 2.283 2.100 50 505 
In -5 0.16590 0.135 - - 10.6 430 
 
For the design or selection of the glassy alloy systems, one could refer to 
confusion principle [52], Inoue’s empirical rule together with bonding order Bo and 
molecular d orbital energy values Md [23, 53]. Also, the elastic constants and the 
melting temperature of the alloying element need to be taken into account for the design 
of the ductile BMGs [131]. Along this line the values for our Ti40Zr10Cu34Pd14Sn2 and 
Ti40Zr10Cu36-xPd14Inx (x = 0, 2, 4, 6, 8) alloys have been calculated (Table 4.1) and both 
alloy classes satisfy the above rules.  
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5 Bulk metallic glass formation in Ti-Zr-Cu-Pd-
Sn system  
5.1 Structural characterization of master alloys 
In order to investigate the structure of Ti40Zr10Cu34Pd14Sn2 master alloy, XRD 
analysis was performed. It can be observed that several sharp Brag peaks appear in the 
XRD curve (Fig. 5.1), indicating the crystalline microstructure under traditional casting 
conditions. The crystalline phases are possibly α-(Ti, Zr), Cu3Ti, Pd2Ti, Pd3Ti and CuTi 
phases. OM analysis shows (inset of Fig. 5.1) that a large amount of strip-like 
crystalline phases are contained in this master alloy. The big dark spots in this sample 
are perhaps the pores or impurities, which results from the fabrication of this alloy 
during arc melting. 
 
 
Figure 5.1 XRD patterns for the master alloy of Ti40Zr10Cu34Pd14Sn2.Inset shows OM 
image for this alloy. 
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To study the detailed morphology of these crystalline phases, SEM was used for 
the further investigation. One can see several phases in the microstructure (Fig. 5.2(a)), 
for instance, relatively small dark phases. The white phase and strip-like phase are also 
clearly observed in a large magnification of yellow rectangular region (Fig. 5.2(b)), 
indicating the complicated phase types and morphologies. 
 
Figure 5.2 SEM images (a) and (b) for the master alloy of Ti40Zr10Cu34Pd14Sn2. (b) is 
the enlargement of the yellow region in (a). 
5.2 Glass forming ability of Ti-Zr-Cu-Pd-Sn alloys 
From the master alloy, the Ti40Zr10Cu34Pd14Sn2 alloy was further prepared in the 
shape of rods with the diameters of 2, 3 and 4 mm by copper mold suction casting. For 
each diameter, at least two or more rods were produced. The chemical analysis (Table 
5.1) was performed on 2 mm diameter rod. It is shown that the actual composition of 
Ti40Zr10Cu34Pd14Sn2 BMG is Ti39.9Zr10.1Cu34.3Pd13.6Sn2.1 (at. %), indicating that this 
BMG is prepared as designed. The oxygen content of the samples was found to 
determine the phase formation and the evolution of the microstructure during casting 
[177]. In this work the oxygen content is measured to be 0.083 wt. %, i.e. 34.49 ppm in 
at.%, for the rod of 2 mm diameter. According to literature, Zr55Cu30Al10Ni5 fully 
amorphous samples were formed for an oxygen content of less than 0.25 at.% [177]. In 
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the present composition (Ti40Zr10Cu34Pd14Sn2), oxygen content is far below 0.25% and 
could be good enough to get amorphous structure.  
 
Table 5.1 Chemical compositions of the Ti40Zr10Cu34Pd14Sn2 alloys.  
Element Designed (at. %) Measured (at.%) 
Ti 40 39.9 
Zr 10 10.1 
Cu 34 34.3 
Pd 14 13.6 
Sn 2 2.1 
 
For each diameter, the rods are labeled as R2 (ø2 mm), R3 (ø3 mm) and R4 (ø4 
mm). Top and bottom of the rods were investigated by XRD, respectively. Fig. 5.3 
displays the XRD traces of the 2 mm and 3 mm diameter rods (R2 and R3). A broad 
diffraction peak is observed in all the traces, demonstrating that Ti40Zr10Cu34Pd14Sn2 
alloys can be prepared as glassy rods with the diameters of 2 and 3 mm. 
 
 
Figure 5.3 XRD patterns for the 
as-cast Ti40Zr10Cu34Pd14Sn2 rods 
with the diameters of 2 and 3 
mm. For each diameter, top and 
bottom of the rod were 
investigated. 
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Figure 5.4 The sketch shows that the Slice 1 in the bottom has a high cooling rate and 
Slice 2 in the top has a low cooling rate during the fabrication of 4 mm diameter rod 
(R4). The amorphous structure of Slice 1 is revealed by XRD (a) and DSC (c); the 
partially crystalline structure of Slice 2 is investigated by XRD (b) and DSC (d). 
 
For the 4 mm diameter rod (R4), however, we observe a broad diffraction peak for 
the bottom slice (Fig. 5.4(a)) and several sharp diffraction peaks for the top slice (Fig. 
5.4(b)). This result indicates that the bottom is amorphous and the top contains 
crystallized phase(s) which are identified as TiPd3, Cu3Ti2 and Pd2Ti phases. To further 
clarify the structure, DSC measurements (Fig. 5.4(c)) were performed at a heating rate 
of 20 K/min. For the bottom slice, there exists a glass transition (Tg = 685 K) and three 
big crystallization events with peak temperatures (Tp1= 733 K, Tp2= 812 K and Tp3=843 
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K, respectively). However, no obvious glass transition is observed in the top slice and 
only two small crystallization events with peak temperature of Tp1=770 K and Tp2=858 
K are present (Fig. 5.4(d)), confirming the partially crystalline structure. It can be 
clearly seen from TEM and SEM that Ti40Zr10Cu34Pd14Sn2 alloy shows amorphous 
structure (Fig. 5.5(a)) for 2 mm diameter rods and partially crystalline structure (Fig. 
5.5(b)) for the top slice of 4 mm rod. 
 
 
Figure 5.5 (a) The TEM image and SAED pattern (inset) of the as-cast 
Ti40Zr10Cu34Pd14Sn2 rod with a diameter of 2 mm (R2); (b) SEM image for as-cast 
Ti40Zr10Cu34Pd14Sn2 rod with a diameter of 4 mm (the top of R4).  
Since the DSC curve for the bottom of R4 is quite similar to that for the fully 
amorphous rod R2 in terms of critical temperatures such as Tg and Tx, we assume that 
the bottom slice of R4 also has a fully amorphous structure. The fraction of the 
amorphous phases in the top of R4 can be calculated by the ratio of the crystallization 
enthalpy of the exothermic peaks (Σ ∆H) between the top and bottom parts in R4 [133, 
161]. Measured from DSC curve, the Σ ∆H values are obtained: 100.05 J/g for the 
bottom and 35.26 J/g for the top. Hence the percentage for the remaining amorphous 
phases is around 35 vol.% in the top. That is, the volume fraction of crystallized phases 
reaches about 65 vol.%. 
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To summarize, Table 5.2 outlines the structural characterization for the 
Ti40Zr10Cu34Pd14Sn2 rods with different diameters of 2, 3 and 4 mm. The rods with the 
diameters of 2 and 3 mm are fully amorphous, but 4 mm diameter rods have either 
amorphous or partially crystallized structure. Therefore, the largest diameter obtained in 
the fully glassy states is 3 mm, which is not consistent with the previous study [25] 
reporting that 10 mm diameter rods with fully glassy structure can be obtained for 
Ti40Zr10Cu34Pd14Sn2 alloy by copper mold casting. The reason could be due to the 
different cooling rates from the casting devices. 
Table 5.2 Structural characterization for the Ti40Zr10Cu34Pd14Sn2 rods with different 
diameters of 2, 3 and 4 mm. Amorph. denotes amorphous microstructure, Crystal. 
denotes crystalline microstructure. 
Ti40Zr10Cu34Pd14Sn2 alloy 
As-cast rods 
ø2 mm ø3 mm ø4 mm 
Samples name R2 R3 R4 
Structure Amorph. Amorph. Amorph./Amorph.+Cryst. 
 
In order to investigate the GFA and the thermal stability of Ti40Zr10Cu34Pd14Sn2 
BMGs, low-temperature DSC measurement was performed up to 900 K. Fig. 5.6. shows 
the DSC scan of the as-cast sample (ø2 mm rod). With increasing temperature, the heat-
flow trace exhibits a weak exothermic event starting from approximately 510 K 
(indicated by Tr in the inset of Fig. 5.6). This weak exothermic event may be associated 
with a structural relaxation activated by thermal energy [178, 179]. After the structural 
relaxation, the glass transition occurs at the temperature Tg of around 695 K (see inset of 
Fig. 5.6), resulting in an obvious endothermic peak before the first onset temperature of 
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crystallization, Tx1, of 743 K. In the supercooled liquid region, ∆Tx=Tx1-Tg, the glassy 
phase transforms from a solid state into a viscous supercooled liquid state. As the 
temperature increases to the onset temperature of the first crystallization, a sharp 
exothermic peak appears. After the first crystallization peak, another two further 
exothermic peaks are observed at Tx2 = 828 K and Tx3 = 876 K, respectively, indicating a 
multistage crystallization behavior. 
 
Figure 5.6 Low-
temperature DSC trace 
of Ti40Zr10Cu34Pd14Sn2 
rod (ø2 mm) at a 
heating rate of 40 
K/min. Inset is the 
enlargement of the 
rectangular region. 
 
 
 
High-temperature DSC measurements were performed with the aim to study the 
melting event of Ti40Zr10Cu34Pd14Sn2 BMG. Fig. 5.7 shows the high-temperature DSC 
trace of the Ti40Zr10Cu34Pd14Sn2 bulk glassy rod with a diameter of 2 mm. Below 900 K 
three main exothermic peaks are observed, which corresponds to the crystallization 
events mentioned before (Fig. 5.6). There exists a single endothermic peak in this DSC 
trace above 1000 K, indicating that the melting event takes place. The onset and end 
temperatures of the melting endotherms in the DSC curve are designated by Tm and Tl, 
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respectively. For this Ti40Zr10Cu34Pd14Sn2 alloy, Tm and Tl are 1123 and 1164 K (marked 
by the arrows), respectively.  
 
Figure 5.7 High-temperature 
continuous heating DSC 
traces for the as-cast 
Ti40Zr10Cu34Pd14Sn2 bulk 
glassy rod R2 (ø2 mm) at a 
heating rate of 20 K/min.  
 
 
 
The GFA is the ability of a metallic alloy to transform into the glassy state. The 
characteristic temperatures (Tg, Tx1, Tm, Tl) and GFA parameters (∆Tx, Trg, γ) of the 
Ti40Zr10Cu34Pd14Sn2 BMG and other Ti-based BMGs are summarized in Table 5.3. 
Ti40Zr10Cu34Pd14Sn2 has a larger supercooled liquid region (∆Tx =50 K) than the Ni- and 
Be-containing alloys: Ti34Cu47Zr11Ni8 [16] and Ti50Cu25 Ni15Be7Sn3 [51]. The reduced 
glass transition temperature, Trg, is found out to be 0.59 which is comparable to values 
observed in other Ti-based bulk glass forming alloys [51, 180] but lower than that (Trg = 
0.67) of Zr41.2Ti13.8Cu12.5Ni10Be22.5 [15] and that (Trg = 0.66) of Pd40Ni40P20 [181], which 
are considered as having a high GFA. According to the Turnbull’s criterion [182], a 
liquid with Trg ≥ 2/3 should become very sluggish on laboratory time scale and can only 
crystallize within a very narrow temperature range, and thus can be readily undercooled 
into the glassy state with a low cooling rate (high GFA). Usually, the γ = Tx1/(Tg + Tl) 
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values of BMGs range from 0.35 to 0.50 [180]. For this Ti40Zr10Cu34Pd14Sn2 BMG, the 
γ parameter is calculated as the high value of 0.398, indicating a good GFA. In addition, 
the values for Tg and Tx are 695 and 743 K at a heating rate of 40 K/min, respectively, 
which is similar to the previous report [25]. It should be mentioned that Tg or Tx is a 
function of heating rate and the high heating rate results in high Tx [8]. For this reason, 
in Table 5.3 higher heating rates lead to higher temperatures of Tg and Tx1 [180]. The 
results observed in the present study about the GFA criteria are similar to the previous 
work performed by Zhu et al. [25]. 
 
Table 5.3 Thermal stability data of Ti40Zr10Cu34Pd14Sn2 bulk glassy rod (ø2 mm) in 
comparison with other Ti-based BMGs [16, 19, 25, 51]: glass transition temperature Tg, 
crystallization temperatures (Tx1, Tx2 and Tx1),, supercooled liquid region ∆Tx, liquidus 
temperature Tl, reduced glass transition temperature Trg =Tg/Tl and parameter γ = Tx1/(Tg 
+ Tl). Tg and Tx are measured at the heating rates of 20 and 40 K/min, respectively. 
Compostion 
Heating rate 
(K/min) 
Tg 
(K) 
Tx1 
(K) 
Tm  
(K) 
Tl  
(K) 
∆Tx 
(K) 
Trg 
(K) 
γ Ref. 
Ti40Zr10Cu34Pd14Sn2 
20 685 735 1123 1164 50 0.59 0.398 Orig. 
40 695 743 - - 48 -  Orig. 
Ti40Zr10Cu40Pd14Sn2 40 689 739 1126 1187 50 0.58 0.394 [25] 
Ti34Zr11Cu47Ni8 20 671 717 1105 1160 46 0.58 0.392 [16] 
Ti50Ni15Cu25Sn3 - 686 759 1205 1283 73 0.53 0.39 [19] 
Ti50Ni15Cu25Sn3Be7 40 688 733 - 1207 45 0.57 0.39 [51] 
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5.3 Thermally-induced structural transformations in 
Ti40Zr10Cu34Pd14Sn2 BMG 
The thermally-induced structural transformations in BMG are structural 
relaxation, glass transition and crystallization. The study of structural transformations 
has practical use in the prediction of thermal stability and the knowledge about the 
phase transition may help us to prevent the undesired change during application of the 
BMGs. On the other side, the devitrification studies are of great interest for near-net-
shape fabrication of structural compositions BMGs [96, 143, 183]. 
5.3.1 Thermal stability and crystallization studies by 
calorimetric measurements 
To study the isochronal and isothermal activation energies for the primary 
crystallization process of Ti40Zr10Cu34Pd14Sn2 BMGs, calorimetric measurements have 
been done and the results have been analyzed by using the Kissinger approach and the 
Johnson-Mehl-Avrami analysis, respectively [184].  
Using the Kissinger method the activation energy related to the primary 
crystallization event was obtained from constant-rate heating DSC scans taken at 
different heating rates [59]. Fig. 5.8 displays the isochronal DSC scans recorded at 
different heating rates (Φ). The onsets as well as the peak temperatures of crystallization 
shift towards higher temperatures as the heating rate is increased from 10 to 80 K/min. 
According to the Kissinger method (eq. 2.2, section 2.2), − 𝐸𝑎
𝑅𝑇
= 𝐶 + ln �𝜑
𝑇2
�, the 
crystallization peak temperature (Tp) in the DSC scan depends on the heating rate (Φ). 
By plotting ln(Φ/T2P) versus (1/Tp), a straight line is obtained (inset of Fig. 5.8) with the 
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slope EK/R, where EK is the crystallization activation energy and R is the gas constant. 
The activation energy for the first exothermic DSC event was found to be 253 ± 5 
kJ/mol. 
 
Figure 5.8 Evaluation of the activation energy using the Kissinger method: DSC curves 
of Ti40Zr10Cu34Pd14Sn2 BMGs continuously heated at different heating rates: 5, 10, 20, 
40 and 80 K/min (inset: Kissinger plot obtained from continuously heating DSC scans). 
 
In order to understand the mechanism underlying the first crystallization event, 
isothermal DSC measurements were carried out at different annealing temperatures 
ranging from 700 to 730 K and the corresponding curves are shown in Fig. 5.9(a). All 
the isothermal DSC curves show a single exothermic peak with an almost symmetric 
bell shape and an incubation time (τ) that decreases with increasing the annealing 
temperature. The presence of the exothermic peak suggests a crystallization mechanism 
consisting of nucleation from the supercooled liquid rather than a simple grain growth 
of already present clusters. In fact, as reported by Chen et al. [185] the isothermal 
calorimetric signal for a nucleation and growth process is an exothermic peak with a 
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maximum at a non-zero time whereas a grain growth process is characterized by a 
monotonically decreasing signal. 
 
Figure 5.9 Isothermal DSC scans (a), crystallized volume fraction versus annealing 
time (b), JMA plots for the range (0.0 ≤ X ≤ 0.65) (c) and isothermal activation energy 
(d) for a Ti40Zr10Cu34Pd14Sn2 BMG. 
 
With the assumption that the volume fraction of the transformed material (X) at 
any given time (t) is directly proportional to the fractional area of the exothermic peak 
[63, 186], the crystallized volume fraction during the isothermal annealing can be 
determined accurately by measuring the partial area of the exothermic signal [187]. Fig. 
5.9 (b) shows the typical sigmoidal curves for the crystallized volume fraction as a 
function of annealing time for each annealing temperature. The curves become steeper 
with increasing annealing temperature, indicating that the transformation proceeds faster 
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as the temperature is increased. The transformed volume fraction (X) at a given 
annealing time (t) and temperature can be related using the JMA equation (eq. 2.3, 
section 2.2): 
To calculate the activation energy, the equation (eq. 2.3, section 2.2) has been 
converted to: 
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where X is the transformed volume fraction, KT is the reaction rate of the crystallization 
process, t is the time, τ is the incubation time and n is the Avrami exponent. Plotting 
ln[ln(1/(1-X))] against ln(t-τ) for different annealing temperatures, JMA plots are 
obtained. The Avrami exponent n is the slope of the JMA plots [59]. Fig. 5.9(c) shows 
JMA plots for the Ti40Zr10Cu34Pd14Sn2 BMGs.  
The reaction constant KT (which can be used to estimate the activation energy for 
the transformation, e.g. the devitrification process) is assumed to follow an Arrhenius 
activation law: 





−=
RT
EKK AT exp0                                              (5.2) 
where K0 is a constant and EA is the activation energy for crystallization. Fig. 5.9(d) 
shows the plot of ln(KT) vs (1/T), which also yields a straight line; the activation energy 
(188.6±49 KJ/mol) calculated thereby is also presented. The energy value is rather 
different than that obtained by Kissinger approach. The reason for this difference may 
be related to the type and specific features of the crystallization kinetics [59, 63, 188]. 
Model calculations showed that reliable results for the activation energy can be obtained 
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from both Kissinger and Arrhenius plots only if the differential Avrami n(X) exponent is 
approximately constant during the crystallization process whereas the Kissinger method 
fails if n (X) varies significantly with the amount of transformed volume [63]. 
For the transformation range under consideration (0.0 < X < 0.65), the JMA plot 
shows almost a straight-line behavior. Avrami exponent increases from 2.2 for 
isothermal annealing at T = 700 K to 2.6 for T = 730 K. During the early stages of 
crystallization (at lower T) the value is close to 2, suggesting a reduced nucleation rate. 
The isothermal annealing at temperatures of ~730 K gives an Avrami exponent n 
slightly exceeding 2.5, which indicates that the crystallites of all shapes grow from 
small dimensions with increasing nucleation rate [64]. Hence, the growth is three-
dimensional [63]. At temperatures lower than 730 K, the Avrami exponent is below 2.5 
for all the transformation ranges and this suggests a change in the nucleation mechanism 
[64]. Crystallites of all shapes will grow from small dimensions in three dimensions 
with decreasing nucleation rate. This behavior can be understood by considering phase 
formation during crystallization. The first crystallization event is characterized by the 
formation of nanocrystalline α-(Ti/Zr) phase and other phases (Fig. 5.10), most likely 
through a nucleation and growth mechanism, as indicated by the isothermal bell shape 
peak in Fig 5.9(a). This suggests that the formation of the nanostructured phase is a 
primary transformation, i.e. crystallization of a single phase accompanied by a 
compositional change [60]. In primary crystallization the composition of the emerging 
nuclei differs from the parent glass and, as a result, the composition of the matrix 
changes during the transformation. At the beginning of the transformation, for small 
particles the interface reaction is most likely the rate-controlling step, since the diffusion 
distances are very short [188]. Once the particles have grown to a certain size, the 
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surrounding matrix, whose composition is enriched in the atoms rejected from the 
growing particles, approaches saturation and the associated reduction in the driving 
force makes diffusion the rate-controlling step [59, 188], slowing down and eventually 
stopping the transformation. 
In order to understand the crystallization behavior of Ti40Zr10Cu34Pd14Sn2 BMG, 
the first crystallization event was investigated by DSC and XRD. The temperatures for 
annealing are selected as 673 (below Tg= 695 K), 723 (between Tg and Tx), 773 (above 
Tx1 = 743 K) and 823 (below Tx2= 828 K) K according to the DSC results at a heating 
rate of 40 K/min (Table. 5.3). After heating up to the desired temperatures (heating rate: 
40 K/min), the specimens were cooled with furnace. The DSC traces recorded upon 
heating are displayed in Fig. 5.10(a). No obvious endothermic or exothermic peaks are 
observed when the specimens are heated up to 673 or 723 K. When the annealing 
temperature is 773 K (> Tx=743 K), a small exothermic peak is present in the DSC 
curve, indicating the crystallization event occurs. Up to 823K, the first crystallization 
event completely finishes and Tg and Tx are obvious in the curve. Fig. 5.10(b) displays 
the XRD traces for these annealed specimens. Similar to as-cast sample, only one broad 
diffraction peak is present in the specimens annealed at 673 or 723 K, indicating that the 
specimen has amorphous structure within the sensitivity of XRD. However, the broad 
diffraction peak appears to become sharp when the specimen is annealed at 773 K, 
indicating that some crystalline phases could be formed in the amorphous matrix. With 
the annealing temperature increasing up to 823 K, three diffraction peaks are clearly 
observed, indicating the formation of crystalline phases. Since the diffraction peaks are 
too few to identify the phase exactly, the phases are possibly α-(Ti, Zr) and CuTi.  
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Figure 5.10 DSC traces (a) and XRD traces (b) for the Ti40Zr10Cu34Pd14Sn2 specimens 
heated up to 673, 723, 773 and 823 K in comparison with as-cast samples.  
 
The TEM images for the specimen annealed at 823 K are shown in Fig. 5.11. It 
can be observed that a large amount of nanocrystalline phases embedded in an 
amorphous matrix (Fig. 5.11(a)). These phases are not distributed in the sample 
homogenously. They have visible differences in size ranging from 20-40 nm. The 
selected area electronic diffraction (SAED) pattern show lots of small reflexes along 
intensive broad rings (Fig. 5.11(b)), which also gives the proof for the presence of 
crystalline phases. In the case of sample tilting further nanocrystals appear depending 
on their position to the incident electron beam. The images in bright field (Fig. 5.11(c)) 
and dark field (Fig. 5.11(d)) clearly display the round-shape morphology of these 
nanocrystals, which are formed in the amorphous matrix during annealing. Therefore it 
is highly important to choose the appropriate TEM preparation method to avoid heat 
induced crystallization. 
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Figure 5.11 TEM images for the Ti40Zr10Cu34Pd14Sn2 specimen annealed at 823 K: (a) 
bright field image at lower magnification- overview, (b) SAED pattern, (c) bright- and 
(d) dark field images at high magnification.  
In order to identify the phases, high resolution transmission electron microscopy 
(HRTEM) and nanodiffraction (ND) have been performed in this specimen annealed at 
823 K. With the help of Fast Fourier Transformation (FFT) the lattice fringes distances 
of the clearly visable nanocrystals at the HRTEM image (Fig. 5.12(a) were measured to 
be 0.226nm. Allowing for a certain mistake limit Cu-Ti, Cu-Zr and Pd-Ti phases match 
this value as follows: Cu3Ti 110 (0.224 nm), CuTi 200(0.222 nm), CuTi3 111 (0.227 nm), 
Cu3Ti2 110(0.222 nm); CuZr 110(0.228 nm), CuZr2 200(0.226 nm), CuZr3 200(0.227 nm); 
PdTi2 103 (0.227 nm). However, it is not possible to differentiate these phases. In ND 
patterns the Cu3Ti phase (orthorhombic) exhibits the best accordance with the measured 
values (Fig. 5.12(b)) and the CuTi phase is also considered to agree well with the values 
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(Fig. 5.12(c)). Other phases, e.g. CuZr cubic, CuTi2 tetragonal, Pd3Ti2 orthorhombic, are 
also calculated to be possible crystalline phases in this sample. It can be concluded from 
all the TEM measurements that the nanocrystals are possibly Cu-Ti, Cu-Zr and Pd-Ti 
phases. Most likely Cu3Ti phase is one of these crystalline phases. 
 
Figure 5.12 HRTEM (a) image from the Ti40Zr10Cu34Pd14Sn2 specimen annealed at 823 
K, calculated diffraction patterns for Cu3Ti (b) and CuTi (c) phases. 
 
5.3.2 In situ high-energy X-ray diffraction observation of 
structural evolution upon heating 
Compared with XRD or DSC, in situ X-ray diffraction in transmission mode using 
a high-intensity, high-energy monochromatic synchrotron beam provides a more 
powerful tool to trace the structural evolution during heating of metallic glasses due to 
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its higher precision [180, 189].To further characterize the minor structural changes of 
Ti40Zr10Cu34Pd14Sn2 BMG upon heating, in situ high-energy X-ray diffraction in 
transmission mode was employed in this work [190]. Figs. 5.13(a)−(d) show four 
selected 2D diffraction patterns at the temperatures of 698, 800, 822 and 851 K which 
cover all structural change of the Ti40Zr10Cu34Pd14Sn2 BMG upon heating (compare the 
DSC curve in Fig. 5.6). At 698 K (close to Tg), the Ti40Zr10Cu34Pd14Sn2 BMG exhibits a 
typical fully amorphous structure (Fig. 5.13(a)), which is similar to that at room 
temperature. As shown in Fig. 5.13(b), at 800 K (located at the first crystallization peak 
in Fig. 5.6), some sharp rings marked by the arrows can be detected, indicating that the 
crystallization has already started. With a further temperature increase to 822 K and 851 
K (Figs. 5.13(c) and (d)), more sharp rings appear, suggesting the growth of crystals 
growing and/or possible formation of new phases. 
 
Figure 5.13 Two-dimensional diffraction patterns of the Ti40Zr10Cu34Pd14Sn2 BMG at 
different temperatures: (a) 698 K, (b) 800 K, (c) 822 K, and (d) 851 K. 
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To extract the structural information contained in the 2D diffraction patterns (Fig. 
5.14), the diffraction patterns were integrated to obtain the first diffracted intensity 
maximum, I(Q), for each XRD pattern. Fig. 5.14 displays some selected XRD data at 
different temperatures. In the temperatures range from 306 K to 698 K (RT to ∼Tg), as 
shown in Fig. 5.14(a), no significant difference is visible in the I(Q) curves below 698 
K. However, at 698 K (i.e., ∼Tg), the maximum intensity of the first diffraction peak 
increases dramatically. In the temperature range from 698 K to 800 K (Fig. 5.14(b)), the 
maximum intensity of the first diffraction peak increases significantly with increasing 
temperature. At 800 K (near Tx2), two small diffraction peaks start to appear from this 
broad peak, corresponding to the first crystallization event. 
 
 
Figure 5.14 Selected diffraction patterns of the Ti40Zr10Cu34Pd14Sn2 BMG upon heating 
at different temperature ranges: (a) from 306 K to 698 K, (b) from 698 K to 800 K. 
 
Since the first peak in the diffraction patterns reflects the structure of the glassy 
phase on medium-range scale [191], further analysis of the peak shape change as a 
function of temperature can provide valuable structural evolution information.  
5 Bulk metallic glass formation in Ti-Zr-Cu-Pd-Sn system 
 
81 
 
 
Figure 5.15 (a) A typical diffraction pattern of the Ti40Zr10Cu34Pd14Sn2 BMG and Voigt 
function fitting of the first peak (inset), (b-d) the fitting results of (b) peak position (Q, 
nm-1), (c) peak width (full width at half maximum, FWHM) and (d) peak intensity as a 
function of temperature. 
 
For a quantitative description of the changes in the first peak (Fig. 5.15(a)), the 
position (wave vector, Q), width (full width at half maximum, FWHM) and intensity 
(I(Q)) of the peak are extracted through Voigt function fitting, as shown in the inset of 
Fig. 5.15(a). The peak position as a function of temperature is plotted in Fig. 5.15(b). It 
is evident that below 510 K, i.e., below the onset temperature of the structural relaxation 
(Tr), the peak in the temperature range of 300 – 500 K shifts linearly to the lower Q 
values. Above 510 K, the slope decreases, suggesting that the shifting rate of the peak 
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position decreases. When the temperature approaches Tg, the peak shifts dramatically to 
lower Q values. At 734 K, which is close to Tx1, the peak position reaches the minimum 
value and then increases with the temperature increasing. The peak width as the 
function of temperature exhibits a linear increase when the temperature is below 604 K 
(Fig. 5.15(c)). Afterwards, the width slightly decreases until the glass transition sets in. 
At Tg, the width decreases dramatically to a minimum value at Tx1 and then increases 
due to the crystallization process. The change of the peak intensity with increasing 
temperature is shown in Fig. 5.15(d). From 300 K to 510 K, the peak intensity decreases 
linearly with temperature below 510 K. After that, the decrease of the intensity deviates 
from the linear behavior, i.e., the decreases rate slightly increases. After 604 K, the 
intensity increases to the maximum value at Tx1, especially at Tg, the intensity increases 
dramatically. After Tx1, the intensity decreases again, owing to the precipitation of 
crystalline phases. 
A previous study has reported that the third power of Qmax scales with the 
coefficient of volume thermal expansion of glassy structure [192]. In the temperature 
range from 300 K to 510 K, the DSC curve (Fig. 5.6) does not show any significant 
thermal fluctuation, which suggests that the peak shifting is associated with the thermal 
expansion. The thermal volume expansion of BMG can be calculated using the 
following equation [192]:  
𝑉(𝑇)
𝑉 (𝑇0)
= �𝑄𝑚𝑎𝑚(𝑇
0)
𝑄𝑚𝑎𝑚(𝑇)
�
3
= 1 + 𝑎𝑡ℎ(𝑘 − 𝑘0)                    (5.3) 
where ath is the coefficient of volume thermal expansion below Tg as long as no 
structural change occurs, and it corresponds to the temperature slope or derivative of the 
reduced mean atomic volume V(T) / V(T0) at T, with the reference T0 corresponding to 
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room temperature [192]. Figs. 5.16(a)-(b) show the changes of free volume V(T) / V(T0) 
and the coefficient of volume thermal expansion (ath) as a function of temperature. The 
deviation from a linear thermal expansion is distinct when the temperature reaches 510 
K. A similar result has been found in the case of Al90Fe5Nd5 metallic glass.26 The 
phenomenon can be interpreted as structural relaxation releasing excess free volume 
arrested during rapid quenching of the BMG [193].  
 
Figure 5.16 (a) The changes of free volume V(T) / V(T0) and (b) the calculated 
coefficient of volume thermal expansion (ath) with temperature increasing from 300 K 
to 800 K. 
 
Above 510 K, the occurrence of a broad exothermic event suggests a structural 
relaxation due to thermal activation. During the structural relaxation, the atoms in the 
glassy phase can rearrange to a more stable state and thus lower the free energy of the 
system [55, 194]. This in turn increases the degree of ordering in glassy phase and the 
ordering generally leads to a more dense atomic packing [55]. In this case, the peak 
position should shift to high Q value. The thermal expansion overlapped by the 
shrinkage from the structural relaxation causes the slight decrease of the shifting rate of 
the peak position. Recent data on the change of the atomic pair density function (PDF) 
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shows that both long and short bonds are eliminated as a result of relaxation [55, 194]. 
Because the interatomic potentials of metals are harmonic, some bonds remain too short 
or too long when the structure is rapidly cooled, and these bonds are relaxed out by 
annealing [55]. Long bonds may characterize free volume or negative (N-type) density 
fluctuations, but then short bonds could describe “anti-free-volume” or positive (P-type) 
density fluctuations, regions of high density. Recombination of these two types of local 
density fluctuations can explain the structure relaxation.  
 
Figure 5.17 Selected XRD patterns of the Ti40Zr10Cu34Pd14Sn2 BMG upon heating to 
demonstrate (a) structure relaxation and (b) glass transition. 
 
Higher diffraction intensity reflects higher structural order and the number of 
ordered regions mainly controls the magnitude of peaks [195]. To better understand the 
structure of the Ti40Zr10Cu34Pd14Sn2 BMG during structural relaxation and glass 
transition, the peak intensity at different temperatures is plotted as a function of Q (Fig. 
5.17). During the structural relaxation, the peak intensity slightly decreases with the 
increasing temperature from 303 K to 604 K (Fig. 5.17(a)), indicating that the structure 
of the BMG becomes more disordered at 510 K and 604 K compared with that at 303 K. 
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The main reason for that is thermal expansion, which leaves atoms less densely packed 
upon heating. With increasing temperature, the vibrations of atoms are accelerated and 
the glassy structure expands. Consequently, there is a slight decrease in the peak 
intensity. During the glass transition, the peak intensity increases slightly (Fig. 5.17(b)) 
when the annealing temperature increases from 303 K to 695 K (Tg) and then to 742 K 
(∼Tx1). This is related to the increase in the number of clusters after the temperature 
reaches Tg. Similar results on the peak intensity can be found in a recent publication 
[195], which also demonstrates the small structural differences (different peak intensity) 
between the untreated and different annealing states (annealed at 363 K and 393 K) by 
FTEM. According to Greer [2], the nature of the glass transition, kinetic rather than 
thermodynamic, means that there is not a single glassy structure, but rather a range of 
structures mutually accessible through relaxation processes. Structural relaxation of 
glasses in general and metallic glasses in particular, is often interpreted in terms of free 
volume. An as-quenched glass has distributed excess ‘free’ volume that decreases on 
annealing. A relaxed, denser glass is one with fewer anomalously short or long 
interatomic separations and with more icosahedral order. 
From 793 K to 982 K, the crystallization events of the Ti40Zr10Cu34Pd14Sn2 BMG 
occur, as shown in Fig. 5.18. At 793 K, the intensification and sharpening of the broad 
peaks may indicate the formation of nanoscale crystallized phases, which cannot be 
detected by XRD. When the temperature increases to 800 K, some sharp crystalline 
peaks start to appear from these two broad peaks. The possible crystallized phases are 
indexed as α-(Ti-Zr), Pd3Ti, CuTi2 and Pd2Ti, which could be metastable phases. As the 
temperature further increases to 837 K, these crystalline peaks become sharper, 
indicating the growth of the crystalline phases. From 845 K, some new diffraction peaks 
86 
 
that correspond to tetragonal CuTi phase (P4/nmm, a = 0.3108 nm, c = 0.5887 nm) are 
observed. At 851 K, a new phase, Pd5Ti3, can be discerned. Besides CuTi phase, a CuTi2 
phase (tetragonal, I4/mmm, a= 0.29438 nm, c = 1.07861 nm) has also been precipitated. 
The crystallized peaks corresponding to Pd3Ti and Pd2Ti phases increase both in number 
and intensity, suggesting that these two phases are formed in a larger quantity at 851 K. 
With increasing temperature to 982 K, no obvious changes occur in the diffraction 
patterns. It can be inferred that no crystallization event occurs in the temperature range 
from 851 K to 982 K and the final crystallization products are probably Pd3Ti, Pd2Ti, 
Pd5Ti3, CuTi, CuTi2 and α-(Ti-Zr) phases.  
 
 
 
 
Figure 5.18 Selected XRD 
patterns (λ = 0.0171650 nm) of 
the Ti40Zr10Cu34Pd14Sn2 BMG 
at different temperatures to 
illustrate the crystallization 
behavior. 
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Combined with the DSC results, it can be concluded that the first exothermic peak 
corresponds to the formation of α-(Ti-Zr), Pd3Ti, CuTi2 and Pd2Ti in the temperature 
range between 800 K and 837 K. The second one corresponds to the formation of CuTi 
phase in the temperature range from 837 K to 851 K and the third one is mainly due to 
the formation of Pd5Ti3 and CuTi2 phase at 851~982 K. 
 
Figure 5.19 (a) The peak position and (b) intensity of the first six crystallization peaks 
(P1~P6 as denoted) change with the temperature increasing from 793 K to 845 K.  
 
Since in situ XRD diffraction patterns at 800 K to 837 K are quite similar, the 
position and intensity of the first six crystallization peaks (P1~P6) are measured in the 
Q range of 24~50 nm-1 and plotted as a function of temperature separately in Fig. 5.19. 
The position (Q) of these six peaks slightly varies when the temperature is increased 
from 800 K to 851 K, separately (Fig. 5.19(a)). The result shows that the phases 
corresponding to these peaks do not have a significant change from 800 K to 851 K. 
However, the intensity of the six peaks changes significantly (Fig. 5.19(b)), which 
means that the volume fraction of the crystalline phases increases. According to the 
XRD results (Fig. 5.19), the first peak (P1) corresponds to the α-(Ti-Zr) phase, the 
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fourth one (P4) corresponds to the CuTi2 phase and the other peaks are the combination 
of two or more phases. It is worth noting that the intensity of P1 firstly increases in the 
temperature range of 800 K to 837 K and then decreases at 845 K, suggesting that α-
(Ti-Zr) phase is formed at relatively low temperature and then transforms to other 
phases. The change of intensity of P4 indicates that CuTi2 precipitates from the 
amorphous phase between 800 K and 829 K, and then it starts to transform to another 
phase at 829 − 847 K. From the XRD patterns recorded at 837 K (Fig. 5.19), it can be 
inferred that some CuTi2 phases starts to transform into CuTi phase, which is similar to 
the result in Cu45Ti55 metallic glass [196]. 
5.4 Conclusions 
1. The master alloy contains the crystalline phases with different morphologies in the 
structure. From this alloy Ti40Zr10Cu34Pd14Sn2 rods with the diameters of 2, 3 and 
4 mm were obtained. The XRD patterns and the isochronal DSC scans clearly 
display that the Ti40Zr10Cu34Pd14Sn2 rods (ø2, ø3mm) are fully amorphous 
through a whole length from top to bottom, but 4 mm diameter rods have partially 
crystalline structure in the top and amorphous structure in the bottom. The 
amorphous nature of the 2 mm diameter rods was further verified using TEM.  
2. The GFA and devitrification behavior during heating of glassy 
Ti40Zr10Cu34Pd14Sn2 rod (ø2 mm) were investigated by calorimetric 
measurements. DSC scan shows a structural relaxation, a glass transition, 
followed by three exothermic crystallization events below 900 K. This BMG 
exhibits satisfactory thermal stability and a supercooled liquid region that is large 
enough for bulk metallic glass formation as evaluated using ∆T, Trg, and 
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γ parameters, which are used as the indicators of glass forming ability. 
3. Crystallization kinetics and mechanisms were studied using the Kissinger 
approach and the Johnson-Mehl-Avrami (JMA) analysis. The increase of n with 
increasing annealing temperature indicates that the nucleation rate increases when 
the annealing temperature approaches the crystallization temperature Tx (740 K). 
Johnson-Mehl-Avrami analysis suggests that crystallization occurs with an 
increasing nucleation rate and growth is three dimensional. 
4. The first crystallization event for Ti40Zr10Cu34Pd14Sn2 BMG upon heating from 
673 to 823 K was investigated by DSC, XRD and TEM The results show that the 
annealed specimen at 823 K contains a large amount of nanocrystalline phases in 
an amorphous matrix. The nanocrystals are found to be possibly α-(Ti, Zr), CuTi 
and Cu3Ti phases. Most likely, Cu3Ti phase is one of these crystalline phases.   
5. The structural evolution of the Ti40Zr10Cu34Pd14Sn2 BMG upon heating from room 
temperature to 982 K was traced by means of in situ high-energy X-ray 
diffraction. The position, width and intensity of the first peak in diffraction 
patterns are fitted through Voigt function below 800 K. All the peak position, 
width and intensity values show a nearly linear increase with the increasing 
temperature to the onset temperature (Tr = 510 K) of structural relaxation. 
However, these values start to deviate from a linear behavior between Tr and Tg. 
The changes in free volume and the coefficient of volume thermal expansion in 
this temperature range prove that the aforementioned phenomenon is closely 
related to the structural relaxation, releasing excess free volume arrested during 
rapid quenching of the BMG. Above 800 K, the crystallization peaks are observed 
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in the diffraction patterns. Combined with the DSC results, the first exothermic 
peak corresponds to the formation of α-(Ti-Zr), Pd3Ti, CuTi2 and Pd2Ti between 
800 K and 837 K. The second one corresponds to the formation of CuTi phase in 
the temperature range from 837 K to 851 K and the third one is mainly due to the 
formation of Pd5Ti3 and CuTi2 phases at 851~982 K. 
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6 Mechanical properties of Ti40Zr10Cu34Pd14Sn2 
BMGs  
6.1 Deformation behavior at room temperature 
The mechanical properties are one of main concerns for the potential application 
in biomedical field [138, 140, 197, 198]. For instance, strength and young’s modulus are 
of the prime importance [138, 140, 197, 198]. Nevertheless, little information is known 
about the mechanical properties of the Ni-free BMGs with different size. Therefore the 
compression tests of as-cast Ti40Zr10Cu34Pd14Sn2 glassy rods (ø2, ø3 and ø4 mm) were 
performed at room temperature to systemically investigate its mechanical behavior. It is 
well known that monolithic BMGs usually display very limited plastic strain (<1.0%) 
together with catastrophic failure [154]. Therefore, extensive efforts are needed for the 
enhancement of plasticity of BMGs.  
As mentioned in Chapter 2, annealing may be a good way to strengthen and /or 
toughen metallic glasses since some BMGs such as Zr- [199-201] and Ti-based BMGs 
[108] have been reported about the improvement of mechanical properties (e.g. fraction 
strength and/ or plastic strain) upon annealing. The reason is due to the structural 
changes (structural relaxation, crystallizations), especially the nanoscale compounds or 
the quasicrystalline particles induced by heating [199]. To my knowledge, very limited 
work [161] has been carried out about the annealing on Ni-free Ti-based BMGs. 
Consequently, the effect of annealing on the mechanical properties of 
Ti40Zr10Cu34Pd14Sn2 BMGs has been investigated in this work. Cold rolling may result 
in structural heterogeneities and therefore provides a way to enhance the plasticity of 
metallic glasses, as reported in Zr- [117, 127], Cu- [113] and Ti-based [114] BMGs. For 
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Ni-free Ti-based BMGs, however, no investigations have been done about the effect of 
cold rolling on the mechanical properties. Therefore it is interesting to attempt cold 
rolling on the Ti40Zr10Cu34Pd14Sn2 BMG with the aim to improve its plasticity. 
6.1.1 As-cast alloys 
It was discussed in Chapter 5 that the as-cast rods are fully amorphous up to 3 mm 
diameter. Rods with a diameter of 4 mm have partially crystallized structure in the top 
and amorphous structure in the bottom. To investigate the deformation behavior of the 
as-cast Ti40Zr10Cu34Pd14Sn2 alloys, it is necessary to ensure the amorphous structure of 
as-cast specimens for compression tests. Therefore, two slices were cut from the ends of 
the compression test specimens (see sketch in Fig. 6.1) and they were investigated by 
different X-rays diffraction (Cu Kα radiation or Co Kα radiation). The XRD patterns 
for all these slices from different rods (ø2, ø3, ø4 mm) exhibit the typical broad 
diφfraction maxima without any crystalline peaks (Fig. 6.1), implying that all the 
specimens for the compression tests are fully amorphous . 
  
Figure 6.1 XRD curves for Ti40Zr10Cu34Pd14Sn2 slices. The slices were cut from the as-
cast rods with the diameters of 2, 3 and 4 mm. The sketch shows that the slices were cut 
from the two ends of the specimens for compression test.  
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Figure 6.2 Compressive stress-strain curves for the as-cast Ti40Zr10Cu34Pd14Sn2 
specimens with the diameters of 2, 3 and 4 mm.  
The true stress-strain curves of the as-cast Ti40Zr10Cu34Pd14Sn2 specimens with the 
diameters of 2, 3 and 4 mm are shown in Fig. 6.2. All the values from the mechanical 
testing of Ti40Zr10Cu34Pd14Sn2 are summarized in Table 6.1.The specimen with a 
diameter of 2 mm exhibits the largest plastic strain of about ~1.2% compared to those 
with the diameters of 3 and 4 mm, although all of them have the same chemical 
composition and show amorphous structure in XRD curves. A similar phenomenon is 
also found in as-cast Ti40Zr25Ni3Cu12Be20 [133] and Ti40Zr25Cu12Ni3Be20 [202] glassy 
alloys with different sizes. Our results with these previous investigations indicate that 
the sample size plays a crucial role in achieving the plasticity of metallic glasses. The 
smaller size alloy generally contains a larger amount of heats of relaxation and 
crystallization due to a faster cooling rate during solidification, which favors the 
preferential nucleation of shear bands and thus allows enhanced plasticity upon 
compressive loading [133]. In addition, the larger size specimens might also have more 
defects (e.g. pores) inside and consequently result in the decreased plasticity.  
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Table 6.1 Mechanical properties of the Ti40Zr10Cu34Pd14Sn2 alloys: yield strength σy, 
elastic strain εy, ultimate compressive strength σmax, total strain before fracture εt, 
plastic strain εt, young’s modulus E calculated from the compressive stress-strain 
curves. 
Ti40Zr10Cu34Pd14Sn2 BMG σy (MPa) εy (%) 
σmax 
(MPa) 
εt (%) εp (%) E (GPa) 
ø2 mm (glass) 1910±40 2.1±0.1 1973±50 3.3±0.6 1.2±0.6 103±1 
ø3 mm (glass) 1866±30 2.0±0.1 1889±40 2.8±0.3 0.8±0.3 101±1 
ø4 mm (glass) 1895±40 1.7±0.1 1920±10 1.8±0.1 0.1±0.1 113±2 
 
Table 6.2 The density and elastic constants for the Ti40Zr10Cu34Pd14Sn2 BMG rods with 
2, 3 and 4 mm diameters. ρ is the density. The elastic constants are measured or 
calculated from ultrasonic devices. v is Poisson’s ratio, E is Young’s modulus, G is shear 
modulus, and K is bulk modulus. G/K is the ratio of shear modulus (G) -to-bulk 
modulus (K). 
Ti40Zr10Cu34Pd14Sn2 BMG ρ (g/cm3) v Ε  (GPa) G(GPa) K (GPa)  G/K 
ø2 mm (glass) 7.06 0.368 102 37.2 128.9 0.29 
ø3 mm (glass) 7.03 0.366 99 36.3 123.4 0.29 
ø4 mm (glass) 7.03 0.370 99 35.9 125.9 0.29 
 
Concerning other mechanical properties in Table 6.1, 2 mm diameter rods show 
the highest yield strength σy of ~1910 MPa, largest elastic strain εy of ~2.1% and 
highest ultimate compressive strength σmax of ~1973 MPa among all the diameters. 
Young’s modulus E for all the specimens are calculated from the slop of the stress-strain 
curves and determined to be in the range of 101-113 GPa. In order to double check the 
values of E, ultrasonic measurements were also performed on the samples with 2, 3 and 
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4 mm diameters to obtain their elastic constants. Table 6.2 presents the values for elastic 
constants (Young’s modulus E, shear modulus G, bulk modulus K and Poisson’s ratio 
ν) and the density ρ. All the values seem to have no significant difference among the 
samples with different diameters. Density of Ti40Zr10Cu34Pd14Sn2 glassy alloys is around 
7 g/cm3 and Young’s modulus has the values in the range of 99-102 GPa.  
 
 
Figure 6.3 Young’s modulus E calculated from ultrasonic measurements and 
compression test for different Ti40Zr10Cu34Pd14Sn2 specimens (ø2, ø3 and ø4 mm), 
respectively.  
 
Fig. 6.3 demonstrates the values of Young’s modulus calculated from compression 
test and ultrasonic measurements, respectively. For the samples with 2 or 3 mm 
diameter, there exist no big differences in the Young’s modulus from these two 
measurements. However, when the diameter of sample is increasing to 4 mm, Young’s 
modulus calculated from the stress-strain curves has much higher values than that from 
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ultrasonic measurements. This can be explained that stress-strain curves (ø4 mm) in the 
range of the elastic deformation are not exactly linear as expected. In fact Young’s 
modulus calculated from ultrasonic measurements could be more reliable if one aims to 
get relatively precise values. Therefore, in this work Young’s modulus of as-cast 
Ti40Zr10Cu34Pd14Sn2 BMGs (ø2, ø3 and ø4 mm rods) is around 100 GPa. 
 
 
Figure 6.4 Compressive true stress-strain curves (a) and XRD traces (b) of the as-cast 
Ti40Zr10Cu34Pd14Sn2 alloys for both amorphous and crystalline structure. Inset shows 
that the Young’s modulus E calculated from the slop of stress-strain curves for both 
amorphous and crystalline alloys, respectively.  
 
It has been reported that the Young’s modulus E for amorphous alloys is 30% 
smaller than that for crystalline alloys with the same chemical composition [70, 77, 
203]. The relatively low Young’s modulus values of amorphous alloys are also one of 
our motivations to investigate the Ni-free Ti-based BMGs for potential application as 
biomaterials. In order to prove this, an 8 mm-diameter crystalline rod was obtained by 
suction casting and subsequently it was cut into 2 mm-diameter rods for compression 
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tests. Fig. 6.4 shows the compressive stress-strain curves and XRD patterns of 
Ti40Zr10Cu34Pd14Sn2 amorphous and crystalline alloys. The stress-strain curves (Fig. 
6.4(a)) display a different deformation behavior between amorphous and crystalline 
alloys. For instance, amorphous alloys show a plastic deformation until a total strain of 
3.3%. In contrast, no plastic deformation has been observed in crystalline alloys. XRD 
results (Fig. 6.4(b)) show many sharp Bragg peaks for the crystalline alloys and a broad 
diffraction peak for amorphous alloys, indicating their different structure for the same 
chemical composition. By calculating the slop of the stress-strain curves (Fig. 6.4(a)), 
Young’s modulus E for the Ti40Zr10Cu34Pd14Sn2 alloy is determined to be 100 GPa for 
amorphous structure and 148 GPa for crystalline structure (inset of Fig. 6.4(a)), 
respectively. Our result demonstrates that the difference of Young’s modulus E between 
amorphous and crystalline structure also holds true in Ti40Zr10Cu34Pd14Sn2 alloy. That is, 
Young’s modulus E for amorphous alloys is 30% (note: (148-100)/148 = 32.4%) smaller 
than that for crystalline alloys. 
6.1.2 Effect of pre-annealing on deformation behavior 
As discussed above, ø2 mm rods exhibit the best combination of mechanical 
properties among the rods with different diameters of 2, 3 and 4 mm, for instance, the 
largest plastic strain of 1.2%. However, the plastic deformation is still considered to be 
limited. Pre-annealing is a good way to obtain structural inhomogeneity in amorphous 
matrix and therefore improve the plastic strain. Here we focus on this 2 mm-diameter 
rod and have taken the approach of pre-annealing in our work with the aim to improve 
its room-temperature plasticity. As addressed in section 5.2, the glass transition 
temperature of Tg and the first onset crystallization temperature are determined to be 
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685 and 735 K from DSC trace (heating rate: 20 K/min), respectively. It is also shown 
that the amorphous phase starts to crystallize even at lower temperature of 604 K 
(chapter 5.3). Therefore, the annealing temperatures are selected to be 604, 695, 713 and 
743 K (inset of Fig. 6.5), that is, one temperature (604 K) below Tg, two temperatures 
(695, 713 K) between Tg and Tx (supercooled liquid region) and one temperature (743 
K) around Tx. The as-cast samples were heated up to these desired temperatures and 
kept for 2-5 minutes in the furnace with an atmosphere of pure Argon. After that, the 
annealed samples were taken out of the furnace and immediately put into distilled water 
for cooling.  
 
 
Figure 6.5 XRD patterns for the as-cast Ti40Zr10Cu34Pd14Sn2 alloy (ø2 mm) and its 
annealed (at 743 K) and quenched sample. Inset shows the selection of annealing 
temperatures in DSC traces at the heating rate of 20 K/min. 
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The XRD patterns for the as-cast Ti40Zr10Cu34Pd14Sn2 alloy and its annealed and 
quenched sample are shown in Fig. 6.5. Although no crystallization peaks are observed 
after the highest annealing temperature of 743 K, the broad diffraction peak seems to 
become sharper compared to the as-cast alloy, demonstrating that some crystallization 
events may occur during the process of the annealing. In order to clarify the structural 
changes between as-cast and annealed samples, DSC measurements were carried out on 
these samples. Fig. 6.6 shows the DSC traces of the as-cast Ti40Zr10Cu34Pd14Sn2 alloy 
and its annealed and quenched samples. For the samples annealed at 604 and 695 K, the 
glass transition and three main crystallization events can be observed in the DSC 
curves, which is similar to as-cast one. Upon further increasing temperature upon to 743 
K, the glass transition is not visible and only two exothermic events are evident, 
indicating that crystallization phases are formed in this annealed sample. 
 
 
 
Figure 6.6 DSC 
curves for the as-cast 
Ti40Zr10Cu34Pd14Sn2 
alloy (ø2 mm) and its 
annealed samples at 
604, 695 and 743 K.  
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By comparing the total crystallization enthalpy (Σ ∆H) of the annealed alloys with 
that of as-cast alloy [133, 161], the volume fraction of crystallization products upon 
annealing can be roughly evaluated. For the as-cast and annealed samples (604 K), Σ 
∆H is calculated to be -152 and -149 J/g, respectively, implying that this annealed 
sample probably has similar structure like as-cast alloy although it may contain a large 
degree of short-range ordering or middle range ordering [133]. When the annealing 
temperature is 695 K, the values of Σ ∆H is determined to be -140 J/g, which 
demonstrates that some crystalline phases are formed. With increasing annealing 
temperature up to 743 K, the first crystallization peak disappears and Σ ∆H is calculated 
to be only -104 J/g, indicating that the volume fraction of crystalline phases reaches up 
to 31 vol.% in contrast to the as-cast sample. This is similar to the previous study by 
Qin et al. [161] that after annealing Ti40Zr10Cu36Pd14 BMG at 723 K for 10 min the first 
crystallization peak disappears and its crystallization fraction reaches about 40%.  
 
Figure 6.7 Stress-strain curves for the as-cast Ti40Zr10Cu34Pd14Sn2 alloy (ø2 mm) and 
its samples annealed at 604, 695, 713 and 743 K.  
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The deformation behavior of the annealed samples is shown in Fig. 6.7. Similar to 
as-cast alloy, the sample annealed at 604 K (below Tg) displays the maximum strength 
of ~ 2000 MPa and the plastic strain of ~ 1.2%. However, for the sample annealed at 
695 K (above Tg), the plastic strain decreases to ~ 1% and the maximum strength 
remains the same. With a further increase to 713 K (Tg~Tx), the annealed sample shows 
the plastic strain of < 0.5 % and maximum strength of ~2000 MPa. Surprisingly, for the 
alloy annealed at 743 K (close to Tx), even no plastic deformation can be observed and 
the maximum strength dramatically decreases to ~ 500 MPa. As a result, annealing 
treatment for the Ti40Zr10Cu34Pd14Sn2 BMG is not able to enhance its plastic 
deformation. Young’s modulus E for the sample annealed at 604 and 695 K is 
determined to be 99 GPa. As to the samples annealed at 713 and 743 K, E is calculated 
as 105 and 41 GPa, respectively. Excluding the sample annealed at 743 K, young’s 
modulus of the annealed samples seems to have no significant difference if one 
compares them with the as-cast alloy.  
 
Figure 6.8 Surface of the fractured Ti40Zr10Cu32Pd14Sn2 alloys: (a) as-cast, (b) annealed 
at 695 K. The arrows indicate shear bands.  
Fig. 6.8 displays the surface of the fractured Ti40Zr10Cu3Pd14Sn2 sample that is 
annealed at 695 K in comparison of as-cast sample. For as-cast sample a few primary 
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shear bands can be observed in the surface, as indicated by arrows. After annealing at 
695 K the density of shear bands appears to decrease, which further implies the reduced 
plasticity of the annealed samples. 
 
Figure 6.9 SEM images showing the fracture surfaces under compressive loading for 
the as-cast (a) and annealed specimens at 695 K (b), 713 K (c) and 743 K (d).  
After the compression tests, the fracture surfaces of the as-cast and annealed 
samples were examined by SEM. The as-cast sample (Fig. 6.9(a)) displays a vein-like 
structure characteristic of a pure shear fracture mode [4, 75, 204-206], which is due to 
local softening or melting inside the shear band induced by the high elastic energy 
release upon instantaneous fracture. Such vein-like patterns can also be seen in the 
samples annealed at 604 (not shown here) and 695 K (Fig. 6.9(b)). The vein-like 
structure is developed in a specified direction, corresponding to the propagation 
direction of the primary shear bands. However, at the annealing temperature of 713 K 
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the fracture surface appears to be more complex: the vein-like patterns coexist with 
cleavages (Fig. 6.9(c)), which indicates that the fracture mode starts to change to a 
brittle type. Considering the DSC results (Fig. 6.6), the sample annealed at 713 K is 
supposed to contain some crystalline phases, which possibly causes different fracture 
features. The previous studies also show that the volume fraction of the vein-like 
structure decreases when the amount of crystalline phases increases [4]. For the sample 
annealed at 743 K, only cleavages can be observed and fracture surface totally changes 
to a brittle type. Similar results can also be found in the fracture surface of 
Ti40Zr10Cu36Pd14 BMGs [161] annealed at 823 K. 
Usually structural relaxation and crystallization are considered to be factors that 
influence the plasticity of BMGs upon annealing [121, 123, 207]. Annealing of metallic 
glasses below Tg may lead to the structural relaxation mainly characterized by 
annihilation of excess free volume, resulting in a deterioration of plasticity. At the 
annealing temperature of 604 K, this Ti40Zr10Cu34Pd14Sn2 BMG may not relax a lot and 
the structure more or less remains the same since the temperature is far below Tg of 685 
K and the time for annealing is short (2-5 min). As a result, this annealed sample shows 
a similar plasticity with the as-cast alloy. When the annealing temperature is 695 K, 
some crystallized phases are formed (as discussed above) and some free volume could 
release due to the heating treatment. Nevertheless, the main structure should be still 
amorphous matrix and hence the maximum strength maintains similar values to the as-
cast samples. With increasing the annealing temperature, more crystallized phases are 
likely to be participated in the glass matrix and thus lead to a further decrease in the 
plasticity. Up to 743 K, according to the DSC results in section 5.3, some phases such as 
are formed with the volume fraction around 30 vol. % (see Fig. 6.6). It has been shown 
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in the previous studies [208, 209] that intrinsically brittle intermetallic compounds or 
quasicrystalline precipitates are apparently harmful to the ductility of BMGs. In this 
work these intermetallic phases α-(Ti, Zr) and CuTi participated from the glass matrix 
may be brittle and therefore could be not beneficial for the plastic deformation. 
6.1.3 Effect of cold rolling on deformation behavior 
Cold rolling was carried out in order to improve the plastic deformation of the 
Ti40Zr10Cu34Pd14Sn2 BMGs. The XRD patterns of the as-cast and as-rolled samples are 
shown in Fig. 6.10. After 10% and 15% cold rolling, the patterns still show the typical 
broad diffraction peak for amorphous material and no distinct Bragg peaks are detected 
within the sensitivity limits of XRD, which indicates that no significant crystallization 
occurs by cold rolling. Similar results have been also found for cold-rolling of 
Ti40Zr25Ni8Cu9Be18 BMGs by Park et al. [114], who reported that no evidence for 
massive structural changes [114] despite the severe deformation that has been applied 
by cold rolling (50% thickness reduction). 
 
 
 
Figure 6.10 XRD 
patterns for the as-
cast and as-rolled 
(10 % and 15 %) 
Ti40Zr10Cu34Pd14Sn2 
specimens (ø2 mm).  
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SEM analysis was performed in order to investigate the morphology of the shear 
bands induced by cold rolling (Figs. 6.11 and 6.12). In contrast to the as-cast sample, 
the cross-section of the as-rolled sample (10 % thickness reduction) is no longer round 
and displays a flat surface on both the upper and lower sides (Fig. 6.11(a)). 
 
Figure 6.11 Cross-section of the as-rolled (10% thickness reduction) 
Ti40Zr10Cu34Pd14Sn2 BMG specimens (ø2 mm): (a) overview, (b), (c) and (e) reveal 
different types of shear bands in the regions (I, II, III); (d) and (f) display the shear 
bands in high magnification. 
Due to the plastic deformation that occurs during cold rolling, three distinct types 
of shear bands, corresponding to the regions of I, II and III in Fig. 6.11(a), can be 
distinguished on the cross-section of the as-rolled sample (10 % thickness reduction). 
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The first type consists of semicircular shear bands with origin and end in the flat rolled 
surfaces (Fig. 6.11(b)). Another type are the curved shear bands located in the center of 
sample (region III) (Fig. 6.11 (e) and (f)). They generally originate from the rolled 
surface, intersect with the semicircular shear bands and extend towards the center of the 
sample. Their morphology is similar to what observed for Zr-based BMGs [115, 116, 
127]. Interestingly, the third type of shear bands, i.e. some parallel shear bands can also 
been seen together with the curved shear bands in the region II (Fig. 6.11 (c) and (d)). 
 
Figure 6.12 Cross-section of the as-rolled (10% thickness reduction) 
Ti40Zr10Cu34Pd14Sn2 BMG specimens (ø2 mm): (a) bottom part, (b)-(d) reveal the shear 
bands in three regions (I, II, III); (e) and (f) display the shear bands in the center part. 
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The shear band morphology of the as-rolled sample up to a diameter reduction of 
15% is shown in Fig. 6.12. Both the upper and lower parts show a flat surface. The 
different types of shear bands observed in the as-rolled sample (10 % thickness 
reduction) are clearly shown in the lower part of the sample (regions I, II, and III in Fig. 
6.12(a)): the semicircle shear bands (Fig. 6.12 (b), the curved shear bands intersected 
with the semicircle shear bands (Fig. 6.12 (c)) and the parallel shear bands intersected 
with semicircle shear bands (Fig. 6.12 (d)). The curved shear bands are located in the 
center of sample, as shown Figs. 6.12 (e) and (f). The density of the semicircular or 
curved shear bands increases with increasing degree of cold rolling. Moreover, more 
intersection of different types of shear band is found in this 15%-rolled sample. As a 
result, plastic deformation during cold rolling induces the formation of several shear 
bands in the cylindrical rod. 
 
Figure 6.13 Longitudinal-section of the 15%-rolled Ti40Zr10Cu34Pd14Sn2 BMG 
specimens (ø2 mm): (a) displays the surface, (b) reveals the shear bands in detail for the 
rectangular region in (a). 
For the side surface of rolled samples, no shear bands are visible on the side 
surface of the 10%-rolled sample. However, a large number of shear bands are observed 
at the sides of the 15%-rolled surface, as indicated by arrows in Fig. 6.13(a). These 
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shear bands appear to insect with each other and the spacing for some shear bands are 
even less than 10 µm (Fig. 6.13(b)). It can be concluded that up to a thickness reduction 
of 15% could also lead to the formation of shear bands at the longitudinal section. 
  
Figure 6.14 Compressive stress-strain curves for the as-cast and as-rolled (10%, 15%) 
Ti40Zr10Cu34Pd14Sn2 specimens (ø2 mm) at room temperature.  
 
The compressive stress-strain curves of the as-cast and as-rolled (10%, 15%) 
samples are shown in Fig. 6.14. The mechanical properties of the as-rolled samples are 
outlined in Table 6.3. Compared to as-cast sample, the yield strength of the 10%-rolled 
samples decreases from 1910 to 1405 MPa and the plastic strain increases from 1.2% to 
2.4%. For the sample rolled to a diameter reduction of 15%, the plastic strain further 
increases up to a value of around 5.7% and the yield strength is around 1512 MPa. 
Moreover, a work hardening-type behavior is observed in these rolled samples. Based 
on the results above, cold-rolling is an effective way to enhance the plastic deformation 
of the Ti40Zr10Cu34Pd14Sn2 BMG. 
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Table 6.3 Mechanical properties of the rolled Ti40Zr10Cu34Pd14Sn2 BMGs: Yield 
strength σy, elastic strain εy, the ultimate compressive strength σmax, the total strain 
before fracture εt, plastic strain εp. 
Ti40Zr10Cu34Pd14Sn2 BMG σy (MPa) εy (%) σmax (MPa) εt (%) εp (%) 
As-cast 1910±40 2.1±0.1 1973±50 3.3±0.6 1.2±0.6 
Rolled 10% 1405±30 1.5±0.1 1972±40 3.9±0.3 2.4±0.3 
Rolled 15% 1512±40 1.7±0.1 2081±40 7.4±0.5 5.7±0.4 
 
Table 6.4 Physical and mechanical properties of the as-cast and as-rolled 
Ti40Zr10Cu34Pd14Sn2 BMG (ø2 mm rod). Density ρ, Poisson’s ratio v, Young’s modulus 
E, shear modulus G, bulk modulus K, the ratio of shear modulus (G) -to-bulk modulus 
(K) G/K. 
Ti40Zr10Cu34Pd14Sn2 BMG ρ (g/cm3) ν Ε  (GPa) G (GPa) K (GPa)  G/K 
As-cast 7.06±0.02 0.368±0.01 102±1 37±1 129±1 0.29±0.02 
Rolled 10% 7.02±0.02 0.366±0.02 102±1 37±1 127±1 0.29±0.02 
Rolled 15% 7.02±0.02 0.365±0.02 95±1 35±1 117±1 0.30±0.02 
 
Physical and elastic properties of the as-cast and cold-rolled samples are 
summarized in Table 6.4. Density (ρ) seems to slightly decrease from 7.06 g/cm3 for the 
as-cast sample to 7.02 g/cm3 for the cold-rolled sample, which is perhaps due to the free 
volume created by rolling [114]. Elastic properties are measured by using ultrasonic 
device. Poisson’s ratio ν, bulk modulus K and the ratio of shear to bulk modulus G/K 
remain almost the same after cold rolling up to 10%, while the Young’s modulus E and 
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the shear modulus G of both rolled samples appear to decrease with the degree of 
rolling. It has been shown that the shear modulus G depends sensitively on the internal 
amorphous structure [210]. In other words, G is strongly dependent on the details of the 
atomic arrangement developed inside the metallic glasses [210]. In this work, G is 
decreased from 37 GPa for as-cast alloys to 35 GPa for the 15%-rolled sample, 
indicating that the internal structure are likely to change with cold rolling. This may 
explains the improved plasticity for as-rolled samples.  
In the course of compression test, shear localization in BMGs is believed to be a 
result of the accumulation of free volume inside the shear bands, which decreases the 
viscosity and finally leads to strain/thermal softening [4]. Due to the local softening, the 
region inside the shear bands deforms more easily than the surrounding regions [4]. 
Based on the literature review, the enhanced compressive plasticity of BMGs by cold 
rolling is due to either stress-induced nano-crystallization [118] or structural 
heterogeneities [115, 117, 127]. The formation of nano-crystalline phase in 
Zr41.2Ti13.8Cu12.5Ni10Be22.5 BMGs [118] could be attributed to the adiabatic heating near 
shear bands during applied loading and the enhancement of atomic diffusional mobility 
derived from the applied stress. On the other hand, structural heterogeneities are 
considered to be induced by cold rolling in Zr44Ti11Cu9.8Ni10.2Be25 [117], 
Zr52.5Ti5Cu18Ni14.5Al10 [127], Zr58.5Ti8.2Cu14.2Ni11.4Al7.7 [115] and Ti40Zr25Ni8Cu9Be18 
[114]. Scudino et al. [127] suggested that there exist soft and hard regions in the rolled 
BMGs, which is indicated by hardness map. The soft regions may become preferred 
locations for the subsequent deformation [211] and may assist further shear band 
initiation, while the hard regions can effectively impede shear bands from propagating 
catastrophically by branching/arresting of multiple shear bands [111]. Actually both 
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nano-crystallization and structural heterogeneities can be regarded to be inhomogeneity 
in the amorphous structure. In this case, structural inhomogeneity is likely to be created 
by rolling the as-cast Ti40Zr10Cu34Pd14Sn2 BMGs. For instance, different types of shear 
bands with high density are observed in the surface of 15%-rolled samples (Fig. 6.12, 
Fig. 6.13), which could lead to ‘soft’ and ‘hard’ regions. During the subsequent 
compression tests, the shear bands in the rolled alloys may be first formed in the ‘soft’ 
regions, where a low critical stress is required to initiate deformation. As a result, the 
plastic deformation is significantly enhanced by rolling a sample up to a thickness 
reduction of 15%. The ‘hard’ regions may act as obstacles for shear band propagation 
and avoid the early catastrophic failure soon, hence contributing to high strength (e.g. 
σmax = 2081 MPa for 15%-rolled alloys) and work hardening ability of as -rolled alloys.  
112 
 
6.2 Deformation behaviors at elevated temperature 
Many BMGs are not well suited for conventional forming/machining at room 
temperature, but are readily processable in the supercooled liquid region (SLR), where 
the viscosity of the metals can drop by several orders of magnitude [1, 212, 213]. Since 
Ni-free Ti-based BMGs have the potential for biomedical application, it is necessary to 
investigate the deformation behavior in the supercooled liquid state in order to possibly 
exploit precision shaping of complex parts in industrial processes.  
6.2.1 Factors influencing the deformation behavior 
For high-temperature compression tests, temperature, strain rate and annealing 
time are generally regarded as the factors that influence the deformation behavior [72]. 
Consequently, detailed investigations were performed for this Ti-based BMG to 
understand the deformation behavior at temperatures below and above Tg.  
The strain rates for the compression tests were selected to be 2.5×10-3, 7.9×10-4, 
2.5×10-4, 7.9×10-5 and 2.5×10-5 s-1. According to the DSC results (20 K/min), the testing 
temperatures were selected to be 604, 638, 671, 686, 701 and 716 K, as shown in the 
inset of Fig. 6.15. The influence of temperature on the failure mode is one of the key 
features of deformation of materials and their characterization, i.e., brittle to ductile 
transition [72, 97]. The stress-strain curves of the Ti40Zr10Cu34Pd14Sn2 BMG at different 
temperatures are shown in Fig. 6.15 for a constant strain rate of 2.5×10-4 s-1.  
At room temperature (298 K), this BMG displays a maximum stress of around 
2000 MPa and fails at a limited global strain of 3.3 %, as mentioned in subsection 6.1.1. 
However, with a further temperature increase to 604 K and 638 K both of which are 
below glass transition temperature, the maximum stress decreases to below 1500 MPa 
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and no plastic deformation can be observed. The deformation behavior below 638 K is 
considered to be inhomogeneous deformation (shear failure). When the temperature is 
increasing to 671 K (still below the glass transition temperature), plastic deformation 
starts with a stress overshoot (i.e., the difference between peak stress and flow stress) 
and then decreases to a nearly constant flow stress level until a global strain of 15%. It 
should be mentioned that all the measurements were stopped at a global strain of 15% 
since the BMGs usually show the superplastic behavior and much larger global strain.  
 
 
Figure 6.15 Effect of temperature on the stress-strain behavior of Ti40Zr10Cu34Pd14Sn2 
BMG at strain rate of 2.5×10-4 s-1 and temperatures of T = 298, 604, 638, 671, 686, 701 
and 716 K. The inset shows the selection of the testing temperatures for a DSC trace 
recorded at heating rate of 20 K/min. 
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As a result, the transition temperature from the inhomogeneous to the 
homogeneous deformation (or brittle to ductile transition) should be in the range of 638-
671 K for this Ni-free Ti-based BMG at strain rate of 2.5×10-4 s-1. In the temperature 
range of 686-701 K, i.e. in the supercooled liquid region, the homogeneous deformation 
can also be observed but the stress overshoot becomes less pronounced with increasing 
temperature. At the temperature up to 716 K, no overshoot is visible in the stress-strain 
curve and the deformation remains homogeneous (Fig. 6.15). Based on the results 
above, it can be concluded that at 2.5×10-4 s-1 the deformation behavior first exhibits 
inhomogeneous mode at 298-638 K, then switches to homogenous in the temperature 
range of 638-671 K and finally remains homogeneous mode at 671-716 K, suggesting 
that temperature indeed has a strong influence on the deformation behavior of the Ti-
based BMGs.  
It should be mentioned that the bumps in all the stress-strain curves are 
experimental artifacts of the applied testing model, which are caused by the friction 
between the rods and the furnace during the compression test, or the temperature 
fluctuations of the specimens in the furnace. The signal noises observed at 638 K are 
probably caused by the formation of minor cracks in the samples under compression.  
Moreover, the transition from inhomogeneous to homogeneous flow is strongly 
dependent on the applied strain rates, which has also been reported in Zr-based BMGs 
[97, 98]. This rate dependence suggests that homogeneous deformation is associated 
with some diffusional relaxation processes (even below Tg) [98]. 
6 Mechanical properties of Ti40Zr10Cu34Pd14Sn2 BMGs 
 
115 
 
 
Figure 6.16 Effect of strain rate on the stress-strain behavior of Ti40Zr10Cu34Pd14Sn2 
BMG at temperature T= 686 K and strain rates of 2.5×10-3, 7.9×10-4, 2.5×10-4, 7.9×10-5 
and 2.5×10-5 s-1. 
In order to investigate the influence of strain rate on the mechanical behavior, 
stress-strain curves recorded at 686 K for different strain rates of 2.5×10-3, 2.5×10-4 and 
2.5×10-5 s-1 are chosen as an typical example (Fig. 6.16). At strain rates of 2.5×10-3 and 
7.9×10-4 s-1, the stress-strain curve has a linear slope until failure and no plastic 
deformation is observed, demonstrating a typical brittle feature of this Ni-free Ti-based 
BMG. Upon decreasing strain rate to 2.5×10-4 s-1, the homogeneous deformation 
including a stress overshoot can be clearly found in the stress-strain curve. At strain rate 
of 7.9×10-5 s-1, the stress-strain curve shows homogeneous deformation behavior but the 
stress overshoot can be hardly seen. As the strain rate further decreases to 2.5×10-5 s-1, 
the stress overshoot cannot be observed in the initial stage of deformation and a steady-
state flow with a stress plateau is present at higher strain, demonstrating homogeneous 
deformation. These results indicate that decreasing strain rates cause the transition from 
inhomogeneous flow to homogeneous deformation, similar to the effect of the 
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increasing temperature on the stress-strain behavior. For Ti41.5Cu37.5Ni7.5Zr2.5Hf5Sn5Si1 
BMG [214], the high-temperature deformation behavior is highly temperature and strain 
rate dependent. Such a trend has also been observed in the previous investigations of Zr-
based [97] and Cu-based BMGs [215].  
 
Figure 6.17 Plot of peak stress as a function of temperature at various strain rates for 
Ti40Zr10Cu34Pd14Sn2 BMG. 
 
The peak stress is considered to be one of the principal parameters that 
characterizes the strength of the bulk metallic glass [97]. The plots of the peak stress as 
a function of temperature are shown in Fig. 6.17. It can be observed that peak stress 
depends on the temperatures and strain rates. With increasing temperature or decreasing 
strain rate peak stress is decreased. The variation of peak stress with respect to strain 
rate and temperature in the homogeneous region is quite large compared to its variation 
in the inhomogeneous region. For instance, the peak stress decreases from ~1950 MPa 
at 298 K (not shown here) to 1300 MPa at 604 K (Fig. 6.17). However, at a strain rate of 
2.5×10-4 s-1, the peak stress is reduced from 1168 MPa at 671 K to 120 MPa at 716 K 
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after a relatively small temperature rise of only 45 K. The peak stress has similar values 
if the test temperatures are same and the applied strain rates do not differ much. For 
instance, at 671 K the peak stress has the values of 1170 MPa at strain rates of 2.5×10-4 
s-1 and 7.9×10-5 s-1. As a result, the applied strain rate should be selected with a 
relatively large variation.  
 
Figure 6.18 Steady state stress (a) and viscosity (b) as a function of strain rate at 
temperature of 671, 686, 701 and 716 K for the Ti40Zr10Cu34Pd14Sn2 BMG. 
Besides peak stress, the steady-state flow stress characterizes the deformation 
behavior of BMG. The plot of steady state stress as a function of strain rate is shown in 
Fig. 6.18(a). Viscosity is an important parameter to reflect the deformation behavior of 
BMGs [216]. Based on the equation: 
 𝜂 = 𝜎
3𝜎
                                                       (6.1) 
the strain-rate dependence of viscosity is calculated and its plot is shown in Fig. 6.18(b). 
For each stress-strain curve, the steady-state stress is termed as the stress at the strain of 
10% where the stress reaches a constant value in the true strain-stress curves. With 
decreasing strain rate or increasing temperature the steady state stress is decreased (Fig. 
6.18(a), demonstrating a similar behavior as peak stress. In some cases where there is no 
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stress overshoot, the steady-state stress equals the peak stress. For this Ni-free BMG, we 
did not observe in Fig. 6.18(a) that the steady state stress for a given temperature 
increases linearly with strain rate at lower strain rate, as reported for Zr-based BMGs 
[97]. At high strain rates and high test temperatures, e.g. at 2.5×10-3 s-1 and 716 K, the 
bending-over of the stress-strain curves seems to appear, showing a non-linear effect of 
steady state stress with respect to the strain rate. It can be seen in Fig. 6.18(b) that the 
values of viscosity are ranging from 108-1010 Pa s-1. At high temperature, e.g. 716 K, the 
viscosity has low values of around 108 Pa s-1. At relatively lower temperature of 671-
686 K, the viscosity remains the high values of 109-1010Pa s-1 and changes a little with 
the strain rate.  
Apart from temperature and strain rates, annealing time may also influence the 
stress-strain curves at elevated temperatures. The temperatures for annealing are 
selected to be around Tg = 685 K, that is, 671 K and 686 K. The BMG specimens were 
heated to the annealing temperatures of 671 K and 686 K at a heating rate of 20 K/min 
and hold for around 15 min in an argon atmosphere, separately. Before each 
compression test starts, the total time for the sample to be in the furnace is 30 min. To 
investigate the effect of annealing time, the samples were hold for 1 hour more at the 
temperatures of 671 K and 686 K before the compression test, respectively.  
Fig. 6.19 shows that effect of annealing time on the stress-strain behavior of this 
Ti-based BMG (strain rate: 2.5×10-4 s-1). It can be observed that at 671 K more holding 
time in the furnace leads to the brittleness, which can be explained by the decrease of 
free volume during heating. This result is similar to the effect of pre-annealing on the 
as-cast samples that shows the decreased plastic deformation during compression tests 
at room temperature in subsection 6.1.2. However, at a higher testing temperature of 
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686 K (around Tg), stress-strain curves are almost the same, suggesting that long heating 
and holding time at 686 K seems to have no significant influence on the deformation 
behavior. For this reason, the long testing time at the temperature around Tg probably 
does not lead to significant structural changes of this BMG and thus the similar steady-
state stress are observed.  
 
 
Figure 6.19 Effect of 
annealing time on the true 
stress-strain behavior of 
Ti-based BMG at strain 
rate of 2.5×10-4 s-1 and 
temperatures of T = 671 
and 686 K. 
 
 
 
6.2.2 Structural analysis of the deformed specimens  
At the highest testing temperature of T = 716 K, the stress-strain curve of 
Ti40Zr10Cu34Pd14Sn2 BMG shows a big difference at the strain rates of 2.5×10-3 s-1 and 
2.5×10-4 s-1 (see Fig. 6.20). That is, the strain rate sensitivity is most pronounced at high 
temperatures. The stress overshoot is clearly observed and the peak stress has the value 
of around 600 MPa at a strain rate of 2.5×10-3 s-1. In contrast, no stress overshoot occurs 
at the lower strain rate of 2.5×10-4 s-1 and the maximum stress is only around 100 MPa. 
Therefore it is necessary to investigate if some structural changes occur during these 
high-temperature compression tests.  
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Figure 6.20 The stress-strain curve of Ti-based BMG at the highest temperature of T = 
716 K and strain rates of 2.5×10-3 s-1 and 2.5×10-4 s-1. 
After the high-temperature compression tests, XRD analysis was carried out in the 
Ti40Zr10Cu34Pd14Sn2 specimens that have been deformed at 716 K and strain rate of 
2.5×10-3 s-1 and 2.5×10-4 s-1, respectively. Fig. 6.21 shows the XRD results of these two 
specimens. Similar to the as-cast alloy, no crystallization peaks are detected and the 
main broad diffraction peak is present in the traces for both deformed samples. It is 
interesting to note that this broad diffraction peak appears to become a little bit sharper 
with the strain rate decreasing, implying that some crystallized phases are perhaps 
formed during the compression test at strain rate of 2.5×10-4 s-1.  
The DSC curves (Fig. 6.22) clearly show the differences in the crystallization 
behavior between as-cast and deformed samples. For the sample that was compressed at 
a temperature of 716 K and a strain rate of 2.5×10-3 s-1, the first exothermic peak 
becomes smaller and all the peak temperatures shift to higher values. Since Tg is still 
evident in this curve, it can be inferred that only a small amount of crystallized phases 
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are formed at 716 K during the deformation process. With the strain rate decreasing to 
2.5×10-4 s-1, the first exothermic peak (indicated by the dashed circle) appears to be very 
small owing to more crystallized phases formed at 716 K and the other two peaks shift a 
little bit to the higher temperature, which is similar to the DSC curves for the annealed 
and quenched sample at 743 K (see Fig. 6.6).  
 
Figure 6.21 XRD patterns for the 
samples deformed at the highest 
temperature of T = 716 K and 
strain rates of 2.5×10-3 s-1 and 
2.5×10-4 s-1 as well as the as-cast 
sample.  
 
 
 
 
 
 
Figure 6.22 DSC curves of Ti-
based BMG at the highest testing 
temperature of T = 716 K and 
strain rates of 2.5×10-3 s-1 and 
2.5×10-4 s-1 in comparison with as-
cast samples.  
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By calculating the sum of crystallization enthalpy of the exothermic peaks (Σ ∆H), 
the specimens deformed at 2.5×10-3 s-1 and 2.5×10-4 s-1 consist of ~26 vol.% and ~24 
vol.% volume fraction of crystallized phases, respectively. Combined with the structural 
analysis in section 5.3, α-(Ti, Zr) and CuTi phases are perhaps participated in the 
samples deformed at 716 K and 2.5×10-4 s-1. These DSC results confirm that at the 
highest testing temperature of 716 K, the glass partially crystallizes during the 
compression tests in the supercooled liquid region. Furthermore, lower strain rates can 
result in the formation of large crystalline volume since the specimen was exposed to 
higher temperatures for much longer time until the compression test finished compared 
to higher strain rates. After crystallization the chemical composition of the remained 
glass should be different with the original composition of Ti40Zr10Cu34Pd14Sn2, which in 
turn causes the shift of peak temperatures.  
The stress-strain curve at 716 K and 2.5×10-4 s-1 (Fig. 6.20) demonstrates that the 
stress is slightly increasing with strain reminiscent of work hardening. Usually the 
strength of an amorphous alloy is increased by the presence of nanocrystalline particles 
[98]. In our study it can be inferred that the participated phases in the amorphous matrix 
could be nanocrystalline particles compared with the TEM results in subsection 5.3.1. 
As a result, the increasing volume fraction of nanocrytals contributes to the slight 
increase in the flow stress. 
Depending on temperature, strain rate and stress relaxation, the stress overshoot 
seems to correlate with the structure and has been observed in Zr-based [97, 98, 177, 
217], Cu-based [218], and Ti-based [214] BMGs with millimeter-size. The stress 
overshoot in most BMG systems takes place generally at a relatively high strain rates 
and at temperatures around Tg [219]. The reason could be a change of atomic mobility 
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due to rapid deformation-induced change of free volume [98, 219]. However, song et al. 
[220] recently found that stress overshoot is absent in the compression of the microscale 
Au-based BMG pillars. They suggested that the absence of stress overshoot may be 
associated with the fact that the strain rate is too low, thus free volume annihilation 
occurs too fast, or the response of the indenter is too slow to capture the strain rate 
change [220]. In addition, the sample size may have a possibility to influence the 
presence of stress overshoot [220]. 
6.2.3 Fracture 
Fracture is observed when the inhomogeneous deformation occurs by shear 
failure. For instance, at a strain rate of 2.5×10-4 s-1 and at temperatures of 298, 604 and 
638 K (Fig. 6.15), the specimens show a very limited global strain (< 3.3%) under 
compression tests.  
Fig. 6.23 shows the fracture surfaces of these samples compressed at a strain rate 
of 2.5×10-4 s-1 and at temperatures of 298, 604 and 638 K in order to understand the 
fracture behavior at elevated temperatures. At room temperature (298 K), the fracture 
surface exhibits the vein-like patterns along with melting droplets (Fig. 6.23(a)), which 
is typical for this Ni-free Ti-based BMG and also observed in the previous 
investigations [25, 161]. At 604 K, in addition to vein-like patterns, some river-like 
patterns appear in the fracture surface (Fig. 6.23(b)). Moreover, the amount of melting 
droplets seems to be much smaller compared to room-temperature compression tests. At 
638 K, the fracture surface displays more river-like patterns together with less vein-like 
patterns (Fig. 6.21(c)). Interestingly, some grains are found in the river-like patterns 
(Fig. 6.21(d)), revealing that this alloy might contain some crystalline phases due to the 
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test temperature of 638 K. Similar results are also observed in (Cu50Zr50)92Al8 BMG 
sample deformed at 740 K and 1.6×10-3 s-1: highly rough regions with some grains are 
observed in the fracture surface [215]. 
 
Figure 6.23 The fracture surface of the Ti40Zr10Cu34Pd14Sn2 BMG deformed at the 
strain rate of 2.5×10-4 s-1 and at different temperatures: (a) 298 K, (b) 604 K, (c) and (d) 
638 K. (d) displays the detailed morphology of rectangular dashed region in (c). The 
grains indicated by arrows might reveal the crystallization. 
All these results indicate that the fracture patterns gradually change from vein-like 
patterns to river-like patterns with increasing test temperature. According to literature 
[4], vein-like patterns are generally considered to be the structure characteristic of a 
pure shear fracture mode, while the river-like patterns is due to the effect of the normal 
stress, which acts locally on a shear plane. Therefore the change of fracture patterns 
perhaps reveals that the deformation transforms from relatively ductile to very brittle 
behavior, as illustrated in Fig. 6.15. 
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Figure 6.24 The outer surface of the Ti40Zr10Cu34Pd14Sn2 BMG tested at strain rate of 
2.5×10-4 s-1 and different temperatures: (a) and (b) 298 K, (c) 604 K, (d) 638 K. (b) 
displays the yellow rectangular region in (a); Insets display the yellow rectangular 
region in (c) and (d), respectively. 
Fig. 6.24 shows the outer surface for the samples deformed at a strain rate of 
2.5×10-4 s-1 and at temperatures of 298, 604 and 638 K. For the as-cast alloys, the 
fracture plane is quite flat (Fig. 6.24(a)) and the shear bands can be clearly seen in a 
parallel way with the plane (Fig. 6.24(b)), indicating the relatively ductile deformation. 
When the test temperature is 604 or 638 K, however, the fracture surface is uneven and 
some cracks can be observed in these samples (inset in Figs. 6.24(c) and (d)), 
suggesting the brittle behavior. Combined with the fraction patterns, the observation for 
the outer surface of samples further confirms the transition of ductile-brittle deformation 
behavior for the Ti40Zr10Cu34Pd14Sn2 BMG. 
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6.3 Conclusions 
1. The room-temperature compression tests show that the plastic strain of 
Ti40Zr10Cu34Pd14Sn2 glassy rods decrease from ~1.2% to 0% with the diameters 
increasing from 2 to 4 mm. The reason could be due to the fact that the smaller 
size alloy generally contains a larger amount of heats of relaxation and 
crystallization due to a faster cooling rate during solidification, which favors the 
preferential nucleation of shear bands and thus allows enhanced plasticity. Among 
all the diameters (2, 3 and 4 mm), 2 mm diameter rods exhibit the best 
combination of mechanical properties (e.g. large plastic strain, high yield strength 
and high ultimate strength).  
2. The values of Young’s modulus E for all the rods (ø2, ø3, ø4 mm) are calculated 
from both stress-strain curves and ultrasonic measurements, respectively. For the 
Ti40Zr10Cu34Pd14Sn2 alloy, Young’s modulus E is determined to be ~100 GPa for 
amorphous structure and ~148 GPa for crystalline structure, demonstrating that 
Young’s modulus E for amorphous alloys is 30% smaller than that for crystalline 
alloys, as reported in the literature. 
3. Pre-annealing and cold rolling have been attempted to enhance the compressive 
plastic strain of as-cast Ti40Zr10Cu34Pd14Sn2 BMGs. Annealed and quenched 
specimens below Tg and in the supercooled liquid region do not lead to the 
enhanced plasticity compared to as-cast alloys due to the annihilation of excess 
free volume and crystallization. Cold rolling can significantly improve the 
plasticity of this BMG by inducing structural heterogeneities. Rolled samples up 
to a thickness reduction of 15% result in the largest plasticity of 5.7%. Low yield 
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strength and visible work hardening ability are observed in the both 10%-rolled 
and 15%-rolled samples. 
4. The deformation behavior of the Ti40Zr10Cu34Pd14Sn2 BMG at elevated 
temperature strongly depends on the temperature and strain rates as well as the 
details of additional annealing treatment. The increasing temperature or the 
decreasing strain rates results in the transition from inhomogeneous flow to 
homogeneous deformation, and also cause a decrease in peak stress or steady-state 
stress. At 671 K increased annealing time leads to the embrittlement of the present 
Ti-based BMGs. However, prolonged annealing time at 686 K have no significant 
influence on the mechanical behavior. Under the compression tests at the highest 
temperature of 716 K, the Ti-based BMG partially crystallizes and lower stress 
rates can lead to the formation of larger volume fractions of crystals. For the 
fractured sample tested at 2.5×10-4 s-1, the patterns change from vein-like to river-
like with an increase in the testing temperature from 298 K (room temperature) to 
638 K (still below Tg) under the compressive tests. 
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7 Designing Ti-Zr-Cu-Pd-In BMGs with 
enhanced plasticity  
In this chapter Ti40Zr10Cu36-xPd14Inx (x = 0, 2, 4, 6, 8) alloys were newly 
developed to further improve the plasticity of Ti-Zr-Cu-Pd BMGs due to the change of 
internal structure upon partially substituting copper atoms by different contents of 
indium atoms [221]. The effect of In on the structure and mechanical properties (e.g. 
deformation behavior) of Ti-Zr-Cu-Pd alloys will be discussed in details. By further 
revisiting the literature about the enhanced plasticity by tuning the glass composition, 
we propose the concept to design the ductile BMG. 
7.1 Background and Motivation-selection of alloy 
compositions 
BMGs generally lack ductility and fail in a macroscopically brittle manner in 
unconstrained loading geometries. For instance, Ti40Zr10Cu34Pd14Sn2 BMGs show the 
very limited globle plasticity of 3.4% under compressive load. However, some BMGs 
are able to sustain significant plastic strain in compression at room temperature [70, 91]. 
In order to understand the different mechanical behavior of BMGs, extensive efforts are 
devoted to experimental and computational studies, mostly focusing on structural 
considerations and deformation mechanisms [132, 222]. Recent reports have 
demonstrated that the mechanical properties of a metallic glass indeed depend on its 
internal structure, i.e., the intrinsic brittleness or plasticity is determined by the way that 
different atoms are mixed, packed and bonded in a monolithic BMG. In that sense, 
minor changes in atomic species (e.g. through micro-alloying) may result in significant 
structural changes of a BMG and accordingly influence its mechanical properties. 
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However, the description of a glassy structure cannot be exact and the atomic-level 
structure of a BMG remains elusive and intriguing [223]. Therefore, this gives rise to an 
interesting and hard question: How can one modify the atomic-level structure of a brittle 
BMG in pursuit of large plasticity? 
Unlike amorphous alloys, the macroscopic mechanisms that control the 
mechanical properties of crystalline metals are better understood because their lattice 
structure can be clearly revealed by electron microscopy techniques. It is well known 
that perfect crystals suffer poor plasticity due to the lack of lattice defects [224]. 
However, once dislocations are introduced into the lattice, metallic crystals can be 
easily deformed and can exhibit large plastic deformability under different loading 
conditions [224]. Since dislocations can be regarded as a structural heterogeneity [225], 
one can ask the following question: Is it possible to increase the heterogeneity in a 
glassy structure to enhance the plastic deformability of BMGs? This possibility might 
be achieved through introducing some special atoms to an existing amorphous structure. 
 
Figure 7.1 Link between the biological safety and glass-forming ability of alloying 
additions in titanium [139]. 
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As an alloying element, indium has been used for the development of titanium β 
alloys. However, investigations on indium additions to BMGs have been rarely found so 
far. According to Inoue’s empirical rule [53], indium is expected to facilitate the glass-
formation due to its negative heats of mixing with Ti (∆Hmix (Ti-In) = -5 kJ/mol) and large 
atomic size mismatch against Ti (|rIn-rTi|>12%). Fig. 7.1 shows the link between GFA 
parameters and biocompatibility for several alloying elements for Ti [139]. Indium is 
one of the elements which are biocompatible and simultaneously obey the two GFA 
criteria [139]. Since the elastic properties of constituent elements are generally taken 
into account for the design of ductile metallic glasses [132], we selected indium for the 
substitution of toxic copper atoms due to its lower Young’s modulus of 10.6 GPa and 
larger Poisson’s ratio of 0.45 [176]. Compared with Cu, In also has relatively large 
atomic radius of 167 pm and electronic structure, due to which mainly s and p orbitals 
contribute to the metallic bonding. The aims for the substitution of Cu by In are below: 
1) to enhance the plasticity by tuning the composition with the aim to change the 
atomic-level structure; 2) decrease Cu contents of the Ti-Zr-Cu-Pd BMGs because Cu is 
believed to be toxic for the potential biomedical application. Therefore, we attempt to 
develop a new Ti40Zr10Cu36-xPd14Inx (x = 0, 2, 4, 6, 8) alloy system for the potential in 
biomedical application.  
7.2 Phase formation and thermal stability 
In order to ensure the desired composition, chemical analysis were performed for 
the Ti40Zr10Cu36-xPd14Inx (x = 0, 2, 4, 6, 8) alloys and Table 7.1 shows their measured 
chemical compositions. For all the alloys, In contents are almost the same as designed. 
The Pd content (15.4 at.%) is higher than the designed value while the contents of Ti 
(39.3 at.%) and Cu (29.5 at.%) are lower than what are designed. 
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Table 7.1 Chemical compositions for the Ti40Zr10Cu36-xPd14Inx (x = 0, 2, 4, 6, 8) alloys. 
Des. means designed values. Meas. means measured values. 
 
Composition (at.%) 
Ti (at. %) Zr (at. %) Cu (at. %) Pd (at. %) In (at. %) 
Des. Meas. Des. Meas. Des. Meas. Des. Meas. Des. Meas. 
Ti40Zr10Cu36Pd14 40 40.0 10 10.0 36 36.0 14 14.0 0 0 
Ti40Zr10Cu34Pd14In2 40 40.0 10 10.0 34 34.0 14 14.0 2 2.0 
Ti40Zr10Cu32Pd14In4 40 39.5 10 10.0 32 32.1 14 14.4 4 4.0 
Ti40Zr10Cu30Pd14In6 40 39.3 10 9.9 30 29.5 14 15.4 6 6.0 
Ti40Zr10Cu28Pd14In8 40 39.7 10 10.1 28 28.0 14 14.1 8 8.1 
 
The XRD traces of the as-cast Ti40Zr10Cu36-xPd14Inx (x = 0, 2, 4, 6, 8) alloys are 
shown in Fig. 7.2. The XRD pattern for the In-free Ti40Zr10Cu36Pd14 alloy displays one 
sharp crystalline peak on top of a broad diffraction peak, indicating that some crystalline 
phase(s) precipitated in the glassy matrix. This result is similar to the previous 
investigation reporting that Ti40Zr10Cu36Pd14 specimens with a diameter of 2 mm are not 
fully glassy [25]. After incorporating up to 8 at.% indium the XRD pattern exhibits 
characteristic broad diffraction maxima without any detectable crystalline Bragg peaks, 
suggesting that a glassy structure was achieved. Interestingly, the position of the first 
broad maximum of the different alloys slightly shifts to lower diffraction angles with 
increasing indium content between 2 and 6 at.% In. This can be explained by the 
incorporation of the larger indium atoms (atomic radius of 167 pm) replacing the 
smaller copper atoms (atomic radius of 128 pm [176]), resulting in structural changes 
(i.e. changes in the short-/medium-range order) of these Ti-Zr-Cu-Pd-In alloys. 
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Figure 7.2 XRD 
patterns for the as-cast 
Ti40Zr10Cu36-xPd14Inx (x 
= 0, 2, 4, 6, 8) rods 
with a diameter of 2 
mm 
 
 
 
 
 
To verify the glassy structure of In-containing alloys, Ti40Zr10Cu32Pd14In4 alloy 
was selected as an example to be examined by TEM. The slices were cut from the top, 
middle and bottom positions in order to investigate the structure. Figs. 7.3 (a) and (b) 
depict the low-resolution and high-resolution TEM image of Ti40Zr10Cu32Pd14In4 
specimen in the as-cast state. As is shown in Fig. 7.3(a), no crystalline phases have been 
observed during all the examinations. The SAED pattern for this whole region exhibits 
typical halo rings of the amorphous structure (inset). High-resolution image is taken 
from the region (denoted by rectangular) in Fig. 7.3(a) and also clearly demonstrates the 
fully glassy structure (Fig. 7.2 (b)). Combined with XRD result, TEM measurement has 
confirmed that Ti40Zr10Cu32Pd14In4 alloy is fully amorphous.  
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Figure 7.3 (a) Low-resolution and (b) high resolution TEM micrograph for the as-cast 
Ti40Zr10Cu32Pd14In4 specimen with a diameter of 2 mm. Electron diffraction for the 
whole region in (a) is shown in the inset. 
 
Fig. 7.4 shows the low-temperature DSC traces of the Ti40Zr10Cu36-xPd14Inx (x = 0, 
2. 4, 6, 8) alloys with 2 mm diameter. The glass transition behaviors (inset) are similar 
among different In-containing alloys, but the crystallization behaviors vary with 
increasing indium content. For In-free Ti40Zr10Cu36Pd14 alloys, it is shown that two 
exothermic events occurred below 900 K. At relatively low In content (x ≤ 4), however, 
three crystallization peaks appear in DSC scan. When In content is further increased (6 
≤ x≤ 8), there are only two exothermic events, which is somehow similar to In-free 
Ti40Zr10Cu36Pd14 alloys. The change in the crystallization sequence for 
Ti40Zr10Cu32Pd14In4 further indicates that the properties of the glass such as the short-
/medium-range order might be altered due to the increasing indium content. DSC curves 
also show that the Ti40Zr10Cu32Pd14In4 alloy has the stable amorphous phase until the 
highest temperature among all the In-containing alloys, namely, 834 K (Tx3). Moreover, 
supercooled liquid region ∆T has the largest values of 56 K among all the compositions. 
134 
 
This suggests not only good thermal stability of amorphous phase but also the better 
glass forming ability than the other In-containing alloys and Sn-containing alloys [25]. 
 
Figure 7.4 DSC patterns for the as-cast Ti40Zr10Cu36-xPd14Inx (x = 0, 2, 4, 6, 8) rods with 
a diameter of 2 mm. The onset temperature of the third crystallization event (Tx3) is 
indicated by arrows. Inset shows the glass transition temperature (Tg) and the onset 
temperature of the first crystallization event (Tx1) for the Ti40Zr10Cu32Pd14In4 BMG.  
 
Fig. 7.5 shows the high-temperature DSC traces of the Ti40Zr10Cu36-xPd14Inx (x=0, 
2. 4, 6, 8) BMGs with the diameter of 2 mm in order to study the melting behavior. 
When In content is lower than 6 at.%, two endothermic peaks are observed in the traces 
in the temperature range of 1100-1200 K. Moreover, the first endothermic peak appears 
to become small with increasing In content. For 8 at.% In-containing BMG, there exist 
three endothermic peaks in the trace at the temperature of 1100-1200 K. The presence of 
different endothermic peaks further indicates that these In-containing BMGs have 
different short-/middle-range order in amorphous structure. 
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Figure 7.5 High-temperature DSC scan for the as-cast Ti40Zr10Cu36-xPd14Inx (x = 0, 2, 4, 
6, 8) rods with a diameter of 2 mm. The melting temperature (Tm) and the liquidus 
temperature (Tl) are indicated by arrows. 
 
Table 7.2 Thermal properties of the Ti40Zr10Cu36-xPd14Inx (x = 0, 2, 4, 6, 8) alloys: glass 
transition temperature Tg, the onset temperatures (Tx1, Tx2 and Tx3) for the first, second 
and third crystallization even, supercooled liquid region ∆T=Tx1-Tg, melting 
temperature Tm, liquidus temperature Tl, reduced glass transition temperature Trg =Tg/Tl 
and parameter γ = Tx/(Tg + Tl). 
 
Compostion (at.%) 
Tg  
(K) 
Tx1  
(K) 
Tx2 
(K) 
Tx3  
(K) 
Tm  
(K) 
Tl  
(K) 
∆T  
(K) 
Trg (K) γ 
Ti40Zr10Cu36Pd14 657 713 790 - 1105 1253 56 0.52 0.37 
Ti40Zr10Cu34Pd14In2 667 714 791 829 1106 1266 47 0.53 0.37 
Ti40Zr10Cu32Pd14In4 658 714 795 834 1105 1255 56 0.52 0.37 
Ti40Zr10Cu30Pd14In6 671 719 791 - 1103 1160 48 0.58 0.39 
Ti40Zr10Cu28Pd14In8 671 716 779 - 1103 1175 45 0.57 0.39 
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The GFA is the ability of a metallic alloy to transform into the glassy state. The 
characteristic temperatures and GFA parameters (∆Τx, Trg and γ ) of the 
Ti40Zr10Cu34Pd14Sn2 BMG are summarized in Table 7.2. The critical temperatures (Tg, 
Tx, Tm and Tl) of Ti40Zr10Cu36-xPd14Inx (x = 0, 2, 4, 6, 8) alloys are measured to be in the 
range of 657-671 K, 713-719 K, 1103-1106 K and 1160-1180 K, respectively. 
Consequently, the ∆Τx and Trg are evaluated to be in the range of 45-56 K and 0.58, 
respectively. The value of γ parameter is calculated to be 0.39. Compared to the 
Ti40Zr10Cu34Pd14Sn2 BMG (Tg = 685 K), these In-containing BMGs have lower 
characteristic temperatures of Tg, Tx and Tm. In addition, GFA parameters for In-
containing BMGs are also comparable to Ti40Zr10Cu34Pd14Sn2 BMGs (Table 5.3, chapter 
5) and other reported Ni-free Ti-based BMGs (Table 2.2, chapter 2). Especially, the 
Ti40Zr10Cu32Pd14In4 BMG is found to have a large supercooled liquid region (∆T) of 56 
K, indicating the good GFA of this alloy. 
7.3 Deformation behavior at room temperature 
The compressive stress-strain curves of the Ti40Zr10Cu36-xPd14Inx (x = 0, 4, 8) 
alloys are shown in Fig. 7.6(a). Obviously, the global strain can be significantly 
improved from 4.5% for the In-free alloy to 10.2% for x = 4. However, a further 
increase of the indium content to 8 at.% causes a decrease of plasticity. The inset in Fig. 
7.6(a) shows that fracture occurs along a shear plane inclined by about 42° to the 
loading direction, which can be explained by the Mohr-Coulomb criterion [76]. Many 
primary shear bands with an average spacing of around 50 µm can be clearly observed 
and some secondary shear bands appear and intersect with the primary ones, both of 
which contribute to the large plasticity of the Ti40Zr10Cu32Pd14In4 BMG. Fig. 7.6(b) 
demonstrates the effect of indium on the yield strength and the plasticity of the different 
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Ti-Zr-Cu-Pd-In alloys. The yield strength of the Ti-Zr-Cu-Pd-In alloys maintains a 
nearly constant value of around 1.8 GPa with some fluctuations; however, the maximum 
value of plasticity is found at 4 at.% indium. These results indicate that the optimum 
indium addition for obtaining the largest plasticity is around 4 at.% for Ti-Zr-Cu-Pd-In 
BMGs.  
 
Figure 7.6 (a) Compressive stress-strain curves for as-cast Ti40Zr10Cu36-xPd14Inx (x = 0, 
4, 8) specimens and a SEM image of a fractured Ti40Zr10Cu32Pd14In4 BMG specimen 
(inset); (b) Effect of indium content on the yield strength and the plasticity of the Ti-Zr-
Cu-Pd-In alloys. 
When more than 4 at.% of Indium are present, the structure of the glass most 
likely changes as indicated by the shift of the first maximum in the XRD patterns (Fig. 
7.2). An additional corroboration is the change in the crystallization sequence (Fig. 7.4). 
This could indicate a transition from Indium being a minor alloying addition to 
becoming a non-minorcomponent of the glass. The change in glassy structure further 
results in different shear bands density. Fig. 7.7 shows the surface of the fractured 
Ti40Zr10Cu36Pd14In4 and Ti40Zr10Cu32Pd14In8 rods. For more than 4 at.% of Indium the 
density of shear bands decreases again, as holds true for the alloy without In. The shear 
band density in both alloys is lower than that in case of Ti40Zr10Cu32Pd14In4. This can be 
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related to the more stable structure of the glass or due to the fact that there are too many 
STZs and the shear bands are more prone to develop into a crack. 
 
Figure 7.7 Surface of the fractured (a) Ti40Zr10Cu3Pd14 and (b) Ti40Zr10Cu32Pd14In8 rods. 
 
It has been mentioned above that Ti-Zr-Cu-Pd alloys without In additions contain 
some crystalline phases in the main glass matrix. Therefore, the fracture surface of Ti-
Zr-Cu-Pd alloys has been carefully examined in order to understand the deformation 
behavior of this Ti-based BMG composite. As is shown in Fig 7.8, four regions with 
different morphologies are observed.  
 
 
Figure 7.8 Fracture surface 
of as-cast Ti40Zr10Cu34Pd14 
sample.  
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Region (I) contains vein-like patterns (Fig 7.9(a)), which are typical and 
dominical fracture morphology for this as-cast Ti40Zr10Cu36Pd14 BMGs. This 
observation is similar to the fracture surface of Ti40Zr10Cu34Pd14Sn2 BMGs (subsection 
6.1.2 and 6.2.3) after the compression tests. Interestingly, the grain-like morphology 
appears in both river-like patterns (Fig 7.9(b)) and vein-like patterns (Fig. 7.9(c)), that 
is, in region (II) and region (III). These grains have also been found in river-like patterns 
of the sample deformed at 2.5×10-4 s-1 and 638 K during high temperature compression 
tests. In addition, nanometer-scale vein/dimple-like patterns with the size below 5 µm 
are present in the bottom of samples (region (IV)), which is perhaps due to unstable 
local stress state before final fracture. Combined with XRD results, this In-free alloy 
contains some crystalline phases in the amorphous structure. The complicated patterns 
in the fracture surfaces maybe further indicate that the sample is not fully amorphous. 
 
Figure 7.9 The features observed on the fracture surface of the Ti40Zr10Cu36Pd14 alloy: 
(a) vein-like patterns (region I), (b) river-like patterns plus the grain-like morphology 
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(region II), (c) vein-like patterns plus grain-like morphology (region III), (d) nanometer-
scale dimple-like patterns (region IV). 
 
 
Figure 7.10 The features observed on the fracture surface of the Ti40Zr10Cu32Pd14In4 
alloy: (a) vein-like patterns, (b) vein-like and river-like patterns.  
 
For the Ti40Zr10Cu32Pd14In4 BMG, vein-like patterns are found in the most regions 
(Fig. 7.10 (a)). Additionally, river-like patterns are randomly distributed with vein-like 
patterns, as shown in Fig. 7.10(b). This result agrees well with the investigation 
[205]that except typical vein-like patterns, river-like feature is also considered to be a 
feature of the fracture of BMGs in compression. It should be mentioned that vein- and 
river-like patterns are also observed in other In-containing alloys (2, 6, 8 at.% In). This 
is somehow different with the room-temperature compressed Ti40Zr10Cu34Pd14Sn2 
BMGs that may only contain the vein-like patterns in the fracture surface.  
 
7.4 Mechanism for enhanced plasticity 
In order to correlate the plasticity with the intrinsic elastic properties of the alloys, 
ultrasonic measurements were performed in the present work. The mechanical 
properties and elastic constants for the Ti40Zr10Cu36-xPd14Inx alloys (x = 0, 2, 4, 6, 8) are 
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summarized in Table 7.3. All the alloys show ultimate strength of ~2000 MPa and 
exhibit elastic strain limits of ~2% before yielding at around 1800 MPa (Table 7.3). The 
total plastic strain and elastic properties are strongly dependent on the alloy 
compositions, i.e. different indium contents. The density (ρ) for In-free alloys is 7.09 
g/cm3 and for In-containing alloys are in the range of 7.07-7.18 g/cm3. With increasing 
In content from 2 at.% to 8 at.%, the density seems to have an increase tendency except 
the Ti40Zr10Cu30Pd14In6 BMG that actually contains a higher Pd content than the 
designed value. Comparing Ti40Zr10Cu34Pd14In2 BMG (ρ = 7.07 g/cm3) with 
Ti40Zr10Cu34Pd14Sn2 BMG (ρ = 7.06 g/cm3), one can find that both alloys have no 
significant difference in density. 
 
Table 7.3 Mechanical, physical and elastic properties for the Ti40Zr10Cu36-xPd14Inx (x=0, 
2, 4, 6, 8) alloys. Yield strength σy, elastic strain εy, ultimate strength σmax, total strain 
before fracture εt,  density ρ, Poisson’s ratio v, Young’s modulus E, shear modulus G, 
bulk modulus K, the ratio of shear modulus-to- bulk modulus G/K. Note: the elastic 
constants are measured or calculated from ultrasonic devices.  
 
Composition  
σy  
(MPa) 
εy  
(%) 
σmax  
(MPa) 
εt  
(%) 
ρ 
(g/cm3) 
v 
E  
(GPa) 
G  
(GPa) 
K  
(GPa) 
G/K 
Ti40Zr10Cu36Pd14 1818 2.0 1962 4.7 7.09 0.359 107 39.3 126.2 0.311 
Ti40Zr10Cu34Pd14In2 1850 2.0 1963 7.8 7.07 0.368 101 36.8 126.8 0.289 
Ti40Zr10Cu32Pd14In4 1790 1.9 1955 10.2 7.11 0.368 100 36.4 125.7 0.289 
Ti40Zr10Cu30Pd14In6 1845 1.9 1978 6.1 7.18 0.364 101 37.2 124.7 0.299 
Ti40Zr10Cu28Pd14In8 1859 1.9 1945 4.0 7.16 0.357 106 39.0 123.0 0.316 
 
To clarify the relationship between plasticity and elastic constants, the ratio of 
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shear modulus (G) -to-bulk modulus (K), G/K and the plastic strain are plotted as a 
function of indium contents, respectively, as shown in Fig. 7.11 (a). When the indium 
content increases to 4 at.%, the ratio of shear modulus-to-bulk modulus, G/K, decreases 
from 0.316 to 0.289. Equivalently, the Poisson’s ratio (v) increases from 0.357 to 0.368 
and Young’s modulus decreases from 107 GPa to 101 GPa (Fig. 7.11 (b)). Figs. 7.11 (a) 
and (b) also depict the relationship between the elastic properties and the plasticity in 
the Ti40Zr10Cu36-xPd14Inx alloys (x = 0, 2, 4, 6, 8). The decrease of G/K from 0.32 to 0.29 
or the increase of v from 0.357 to 0.368 causes the enhancement of plasticity. The fact 
that all alloys exhibit a plastic strain above 2% and hence are not macroscopically brittle 
agrees well with the correlation demonstrated by Lewandowski et al. that ductile BMGs 
tend to have a lower G/K (< 0.41) or a larger v (> 0.31-0.32) [91, 129]. However, the 
relatively subtle variations in G/K (0.027) or υ (0.011) are considered to be too minor to 
explain the drastic increase in the global strain of the Ti-Zr-Cu-Pd alloys from about 
4.5% for Ti40Zr10Cu36Pd14 to about 10.2% for Ti40Zr10Cu32Pd14In4. 
 
Figure 7.11 (a) Relationship 
between indium content and 
elastic properties (ratio of 
shear modulus (G)-to-bulk 
modulus (K) G/K) as well as 
between indium content and 
plastic strain; (b) Relationship 
between indium content and 
elastic properties (Young’s 
modulus and Poisson’s ratio). 
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Very recently, Kumar et al. also found that the critical value of G/K = 0.41 is not 
supported in their study, because both brittle Pd43Cu27Ni10P20 and ductile 
Pt57.5Cu14.7Ni5.3P22.5 BMGs have a similar value of G/K (~ 0.2) [226]. All these results 
suggest that there is no exact correlation between the ductile-to-brittle transition and the 
global elastic parameters, which apply to all BMGs. This motivates studies to further 
explore the intrinsic mechanism in order to improve the plasticity of BMGs.  
For the present BMGs not the overall elastic constants appear to be of crucial 
importance but rather the local properties. The In-free Ti40Zr10Cu36Pd14 alloys (Fig. 
7.12(a), picture (I)) may have a relatively homogeneous structure despite the existence 
of a small amount of crystallized phase(s) in main glassy matrix. By substituting copper 
with indium the amorphous structure and the bonding state changes locally. The 5s and 
5p electrons of In are expected to be involved in the formation of atomic bonds with the 
transition metals of the base-alloy. This results in a more metallic and less directional 
character of the corresponding bonds [227] and they differ from the bonds between the 
transition metals. The increased metallicity of these In-centered “clusters” renders them 
less shear-resistant, or in other terms “softer” (Fig. 7.12(a), picture (II)) [228]. 
Interestingly, the addition of metalloids to metallic glasses also improves their plasticity 
even though they increase the directionality of the bonds [229, 230]. In a similar manner 
a certain amount of Al is beneficial for the plasticity of CuZr-based BMGs even though 
Al tends to hybridize with Cu, leading to a stronger localization of the atomic bonds 
[231, 232]. These findings imply that the co-existence of different kinds of atomic 
bonds in a metallic glass (relatively “harder” and “softer” regions), a structural 
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heterogeneity in other terms, promotes its plastic deformability.  
 
Figure 7.12 Correlation between the mechanical properties (plasticity, yield strength) 
and the percentage of exceptional atoms in amorphous alloys (for the case of 
Ti40Zr10Cu36-xPd14Inx, the pictures from left to right illustrate the increasing amount of 
indium) and (b) Correlation between the mechanical properties (plasticity, yield 
strength) and the density of dislocations in crystalline metals (the pictures from left to 
right are taken from the references [233-235]). 
 
Instead of a significant change in the average elastic constants [129], indium 
seems to act on the local elastic properties of the present alloy system. Comparable 
structural/elastic heterogeneities are also known to exist in other metallic glasses as 
simulations and experiments have proven [33, 58, 236]. The effect of In on the 
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surrounding bonds might extend even to the next nearest neighbors, which would ensure 
that at least the short-range order is affected by the modified bonding nature [237]. The 
soft regions are more prone to deform upon loading and this in turn reflects in the 
density of shear bands (the inset of Fig. 7.6(a) and Fig. 7.7), which is maximum for the 
composition with the highest plastic strain, Ti40Zr10Cu32Pd14In4. The presence of 
homogeneously distributed soft regions allows for a more homogeneous generation of 
shear transformation zones (STZs) [79] within the entire specimen, which leads to a 
higher density of shear bands and enhances the macroscopic plastic strain. At the same 
time the yield strength decreases due to the facilitated initiation of shear bands and 
exhibits an overall behavior contrary to the plastic strain (Fig. 7.6(b)).  
When the In content exceeds 4 at.% the density of shear bands decreases 
significantly (Fig. 7.7 (b)) and the yield strength rises to its original value (Fig. 7.6(b)). 
This behavior coincides with the shift of the broad first reflection maximum (Fig. 7.2) 
and the transition in the crystallization sequence (Fig. 7.4). Both observations 
corroborate the assumption that the global properties of the glass in terms of phase 
formation and average bond length are altered. For these alloys (In > 4 at.%) In cannot 
be regarded as a minor alloying element any more and the local structure of those 
compositions is expected to be different from those with low In contents (In ≤ 4 at.%) 
(Fig. 7.12(a), picture III). 
The correlation between the mechanical response and the structural heterogeneity 
of BMGs (e.g. plasticity and yield strength) exhibits a behavior reminiscent of 
dislocations in crystalline metals. Even though the deformation mechanisms of BMGs 
(i.e. shear banding) and crystals (i.e. operation of dislocations) are distinctly different, it 
might be useful to outline the analogy between amorphous alloys (Fig. 7.12(a)) and 
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crystalline metals (Fig. 7.12(b)): Perfect crystals or nanopillars (Fig. 7.12(b), picture (I)) 
exhibit extremely high strength but poor plastic deformability similar as BMGs 
typically do [233]. Once dislocations are introduced into the crystalline lattice (e.g. 
single crystal in picture (II)), the plasticity of the bulk crystals can be greatly improved 
although the strength is decreased significantly due to the lower moving force at the 
dislocation core [234]. When the density of dislocations becomes extremely high (e.g. 
nanostructure in picture (III)), the plasticity of the crystals starts to decrease again and 
the yield strength begins to increase [235].  
The common ground of both dislocations in crystals and “soft” regions in BMGs 
thus is that they form structural heterogeneities, which are activated during loading and 
carry the imposed deformation. Therefore, they affect the plasticity and the yield 
strength of the respective materials.  
7.5 Concept to design the ductile BMGs 
It has been shown in Ti-Zr-Cu-Pd-In BMGs that the substitution of Cu by In could 
change the local bonding state of metallic glass and thus enhance the global plasticity. 
The current results indicate that minor substitution of some special elements with low 
Young’s modulus, large Poisson’s ratio and relatively larger atomic radius, seems to 
promote the structural heterogeneity, thus leading to improved plasticity.  
In order to check whether this concept also works for other BMG systems, we 
further revisited the literature about the enhanced plasticity by tuning the glass 
composition. Table 7.4 lists some BMG compositions and the ratios of atomic radii (r) 
and of the Poisson’s ratios (ν) of the constituent elements as well as their compressive 
plastic strains [176, 238]. It can be found that the substitution of Cu and/or Zr by other 
elements (Ag, Al, In and Sn) in different Cu- or Zr-based BMGs also improves the 
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plasticity [25, 90, 228, 239-245]. These substituting elements also have lower Young’s 
moduli, larger Poisson’s ratios and generally more than 12% larger atomic radii [53] 
compared to Cu or Zr. Most importantly, these elements are believed to also increase the 
heterogeneity of the atomic bonds locally and with it to promote plasticity.  
In summary, since the enhancement of mechanical properties and performance of 
materials is a long-standing topic for scientists and engineers, developing some new 
principles or mechanisms becomes critically significant for the design of new materials 
with appropriate microstructures or structures. In the last decades, the strength of 
materials has been successfully improved by forming an amorphous structure such as in 
BMGs [53]. However, the ductility or toughness of these high-strength materials are 
relatively low and thus approaches to toughen such materials are highly attractive [246]. 
There are already some successful examples for BMGs, including the following ideas, 
1) appropriate combination of hard regions surrounded by soft regions in structure [132] 
modification of the atomic-level structure in multi-component BMGs [247] introducing 
residual stress on the BMG surface by shot-peening [110]; and 4) introduction of soft 
phases or hard particles into an amorphous matrix [102, 248]. All these investigations 
follow a common rule, i.e., introducing an appropriate structural or microstructural 
heterogeneity. In this study, the enhanced plasticity of the Ti-Zr-Cu-Pd and other 
existing BMGs (Table 7.4) can also be attributed to the increased atomic-scale structural 
heterogeneity by the minor substitution of some exceptional “soft” atoms causing the 
local atomic bonds to become less shear-resistant. Most likely this strategy can be 
applied to wide variety of glass-forming alloys and leads to more defect-tolerant bulk 
metallic glasses. 
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Table 7.4 Summary of data on the BMG compositions available, the ratios of the atomic radii (r) and of the Poisson’s ratios (ν) of the 
constituent elements [176, 238] as well as their compressive plastic strains (the subscript “add” and “rep” denotes the elements added 
and replaced, respectively). 
BMG composition Element added Element replaced νadd/νrep radd/rrep Minimum plasticity Maximum plasticity Ref. 
Cu50-xZr50Agx (x = 2~12) 
Ag Cu 1.12 1.13 
0% (x = 2) 1.4% (x = 10) [236] 
Cu60-xZr30Ti10Agx (x = 0~10) 0% (x = 10) ~4% (x = 5) [237] 
Zr46(Cu1-xAgx)46Al8 (x = 0~5) 3.6% (x = 0) 6% (x = 1/5.5) [238] 
Mg65Cu25-xAgxGd10 (x = 0~10) 0% (x =0, 10) 0.5% (x = 5) [239] 
Zr50Cu50-xAlx (x =0~2) 
Al 
Cu 1.00 1.12 6.2% (x = 0) ~18% (x = 2) [240,  241] 
(CuZr)100-xAlx (x =0~6) Cu, Zr   0.7% (x = 6) 16% (x = 5) [90, 241] 
Ti40Zr10Cu36-xPd14Inx (x = 0~8) In Cu 1.32 1.30 2.1 % (x = 8) 8.3% (x = 4) Present study 
Ti40Zr10Cu36-xPd14Snx (x = 0~4) 
Sn Cu 1.05 1.27 
~1% (x = 4) 3.5% (x = 2) [25] 
Zr61Cu18.3-xNi12.8Al7.9Snx (x = 0~2.5) 0% (x = 2.5) 11% (x = 1.5) [224] 
Zr62-xAl8Ni13Cu17Snx (x = 0~2) Sn Zr 1.05 1.02 ~2% (x = 2) ~15% (x= 0.3~1.0) [242] 
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7.6 Conclusions 
1. New Ni-free Ti-based BMGs have been obtained by indium additions (2-8 at.%) 
to Ti40Zr10Cu36Pd14 alloys. The XRD results show that Ti40Zr10Cu36Pd14 alloy (ø2 
mm rod) contains some crystalline phase(s) in the glassy matrix. By indium 
substituting copper, however, the glassy structure with different short- or medium- 
range order has been achieved in the composition Ti40Zr10Cu36-xPd14Inx (x = 2, 4, 
6, 8). Especially, the Ti40Zr10Cu32Pd14In4 BMG is found to have the best thermal 
stability and glass-forming ability. 
2. The compressive global strain of Ti40Zr10Cu36-xPd14Inx (x = 0, 2, 4, 6, 8) can be 
significantly improved from 4.5% for the In-free alloy to 10.2% for x = 4. 
However, a further increase of the indium content to 8 at.% causes a decrease of 
plasticity. Therefore, the optimum indium addition for obtaining the largest 
plasticity is around 4 at.% for Ti-Zr-Cu-Pd-In BMGs. Shear bands density 
observed for the In-containing BMG also imply their different plasticity. For the 
fracture surface, vein-like patterns, river-like patterns and grain-like morphology 
are observed in a Ti40Zr10Cu36Pd14 alloy that contains partially amorphous 
structure. As to In-containing BMGs (2, 4, 6, 8 at.% In), vein-like and river-like 
patterns coexist in the fracture surface. 
3. The different deformation behavior of Ti40Zr10Cu36-xPd14Inx (x = 0, 2, 4, 6, 8) 
could be correlate with structural heterogeneities induced by indium addition. 
That is, indium is expected to form a more metallic and less directional atomic 
bonds with the transition metals (Ti, Zr, Cu, Pd) of the base-alloy and they differ 
from the bonds between the transition metals. 
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4. We propose a strategy for the design of ductile bulk metallic glasses (BMGs) 
through minor substitution using relatively large atoms, which make the bonding 
nature become more metallic and with it less shear resistant. Such a locally 
modified structure results in topological heterogeneity, which appears to be crucial 
for achieving enhanced plasticity. This strategy is verified for Ti-Zr-Cu-Pd glassy 
alloys, in which Cu was replaced by In, and seems to be extendable to other BMG 
systems. The atomic-scale heterogeneity in BMGs is somewhat analog to defects 
in crystalline alloys and helps to improve the overall plasticity of BMGs 
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8 Conclusions 
The aim of this thesis is to systematically investigate phase formation/ 
structure/properties of Ni-free Ti-based BMGs, namely, Ti-Zr-Cu-Pd-Sn and Ti-Zr-Cu-
Pd-In as well as Ti-Zr-Cu-Pd alloys. Regarding the glass-forming ability, 
Ti40Zr10Cu34Pd14Sn2 rods are fully amorphous up to 3 mm diameter and Ti40Zr10Cu36-
xPd14Inx (x = 2, 4, 6, 8) rods are fully glassy at least for a diameter of 2 mm. However, 
the base alloy (Ti40Zr10Cu36Pd14) contains some crystalline phases in the amorphous 
matrix for a 2 mm diameter rod.  
Crystallization kinetics and their corresponding mechanisms of 
Ti40Zr10Cu34Pd14Sn2 were studied using the Kissinger’s approach and Johnson-Mehl-
Avrami (JMA) analysis by DSC. Crystallization occurs with an increasing nucleation 
rate and the growth process is three dimensional. The first crystallization event for 
Ti40Zr10Cu34Pd14Sn2 BMG upon heating from 673 to 823 K was investigated by DSC, 
XRD and TEM. The specimen annealed at 823 K contains a large amount of 
nanocrystalline phases in an amorphous matrix. The nanocrystals are found to be 
possibly α-(Ti, Zr) and CuTi3 (orthorhombic) phases, which are the main products for 
the first crystallization.  
The structural evolution (e.g. relaxation and glass transition) of the 
Ti40Zr10Cu34Pd14Sn2 BMG upon heating from room temperature to 982 K was 
thoroughly investigated by in situ X-ray diffraction in transmission mode using 
synchrotron beam. The position, width and intensity of the first peak in diffraction 
patterns are fitted through Voigt function below 800 K. For example, Fig. 8.1(a) shows 
peak width as a function of temperature below 800 K. All the peak position, width and 
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intensity values show a nearly linear increase with increasing temperature to the onset 
temperature (Tr = 510 K) of structural relaxation. However, these values start to deviate 
from a nearly linear behavior between Tr and Tg, which is closely related to the 
structural relaxation, releasing excess free volume arrested during rapid quenching of 
the BMG. At 800 K, some sharp rings marked by the arrows can be detected in two-
dimensional diffraction patterns (Fig. 8.1(b)), indicating the start of crystallization 
process. Above 800 K, three crystallization events are detected and the first exothermic 
event is due to the formation of metastable nanocrystals. 
 
 
Figure 8.1 (a) peak width (full width at half maximum, FWHM) as a function of 
temperature below 800 K by Voigt function fitting of the first peak, (b) 2D diffraction 
pattern of Ti40Zr10Cu34Pd14Sn2 BMG at the temperature of 800 K. 
 
The deformation behavior of Ti40Zr10Cu34Pd14Sn2 BMG at elevated temperature 
strongly depends on the temperature and strain rates as well as the details of additional 
annealing treatment. The increasing temperature or the decreasing strain rates results in 
the transition from inhomogeneous flow to homogeneous deformation, and also causes 
8 Conclusions 
 
153 
 
a decrease in peak stress or steady-state stress. Under the compression tests at the 
highest temperature of 716 K, the Ti-based BMG partially crystallizes and lower stress 
rates can lead to the formation of larger volume fractions of crystals.  
 
 
Figure 8.2 Compressive stress-strain curves for Ti40Zr10Cu34Pd14Sn2 (as-cast, annealed 
and as-rolled) and as-cast Ti40Zr10Cu36Pd14In4 BMGs. Inset shows a SEM image of a 
fractured Ti40Zr10Cu32Pd14In4 BMG specimen. 
 
For the deformation behavior at room temperature, the plastic strain of 
Ti40Zr10Cu34Pd14Sn2 BMG decreases from 1.2% to 0% with the increasing diameter 
from 2 to 4 mm. Pre-annealing and cold rolling have been attempted to enhance the 
compressive plastic strain of as-cast Ti40Zr10Cu34Pd14Sn2 glassy rod with 2 mm in 
diameter. Annealed and quenched specimens below Tg and in the supercooled region do 
not exhibit the enhanced plasticity compared to as-cast alloys due to annihilation of 
excess free volume and crystallization. Cold rolling can significantly improve the 
plasticity of this BMG by inducing structural heterogeneities. Rolled samples up to a 
thickness reduction of 15% result in the largest plasticity of 5.7%. Low yield strength 
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and visible work hardening ability are shown in the both 10%-rolled and 15%-rolled 
samples. For the newly-developed Ti40Zr10Cu36-xPd14Inx (x =0, 2, 4, 6, 8) BMGs, the 
plastic strain of can be significantly improved from 2.7% for the In-free alloy to 8.3% 
for x = 4. However, a further increase of the indium content to 8 at.% does not lead to a 
decrease in plasticity. Compared to Ti40Zr10Cu34Pd14Sn2 BMGs (as-cast, annealed and 
rolled) in this work and other Ni-free Ti-based BMGs in the literature, 
Ti40Zr10Cu32Pd14In4 BMG exhibits the largest plastic strain as well as high maximum 
strength of ~2000 MPa (Fig. 8.2). High density of shear bands contributes to the large 
plasticity of this Ti40Zr10Cu32Pd14In4 BMG (inset of Fig. 8.2). With regards to elastic 
properties, both Sn-containing and In-containing Ti-Zr-Cu-Pd BMGs exhibit the 
Young’s modulus of ~100 GPa. It is proved in Ti40Zr10Cu34Pd14Sn2 alloys that Young’s 
modulus E for amorphous alloys is 30% smaller than that for crystalline alloys. 
The enhanced plasticity of the Ti-Zr-Cu-Pd-In BMGs can be attributed to the 
increased atomic-scale structural heterogeneity by the minor substitution of some 
exceptional “soft” atoms causing the local atomic bonds to become less shear-resistant. 
The elastic properties of the substituting elements are revealed to be crucial for 
achieving enhanced plasticity. The basic principle is that introducing exceptionally 
“soft” atoms with “soft” elastic properties can form regions of lower stiffness due to 
weak bonding with the other elements, thus triggering enhanced atomic-scale 
heterogeneity, which improves the overall plasticity of BMGs. 
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